
Physical Metallurgy of Hot Ductility Testing 
A model is presented to explain the interaction of various physical 
metallurgical phenomena in studies carried out in Inconel 600 
using a combination of Gleeble techniques and metallographic methods 

BY B. WEISS, G. E. GROTKE AND R. ST ICKLER 

ABSTRACT. The present work was under
taken to obtain a better understanding of 
the microstructural changes occurring in 
the weld heat-affected zone using a combi
nation of Gleeble techniques (fast, hot ten
sile test) and metallographic methods. A 
nickel-based alloy, Inconel 600, in three 
heat-treated conditions was employed for 
these studies. 

The investigated temperature range was 
0.6 Tm up to the solidus temperature. 
Characteristic ductility-temperature curves 
were obtained; the shape of these curves is 
strongly influenced by the initial micro-
structure and is a result of interaction 
processes between strengthening and soften
ing. 

The drastic loss of ductility below Tm is 
attributed to partial melting. Characteristic 
microstructural features such as serrated 
grain boundaries, terrace-like surface struc
tures, and segregation effects were observed. 
These effects are discussed and a model is 
presented explaining the interaction of the 
various physical metallurgical phenomena. 

Introduction 
Increased performance requirements 

for structural components, the demand 
for materials with enhanced properties, 
and more rigorous quality standards 
have significantly increased the problems 
involved in producing sound weldments. 
As a consequence of the high tempera
tures and steep temperature gradients 
in the vicinity of welds, high stresses 
and complex stress patterns are un
avoidable. Though design configura
tions and welding procedure can be 
varied to minimize such stresses, crack
ing often occurs in the fusion zone or 
in the weld heat-affected zone. The 
problem of cracking in welds is difficult 
to deal with since the brief thermal 
cycles associated with welding result 
in the formation of a variety of rapidly 
heated and cooled microstructures. 
Relatively simple metallurgical phenom
ena became complex under these non-
equilibrium conditions. 

B. WEISS, G. E. GROTKE and R. STICK
LER are with the Westinghouse Research 
& Development Center, Pittsburgh, Pa. 

Practically all of our detailed infor
mation on the microstructure and 
properties of the weld heat-affected 
zone1 has been developed, during the 
past decade, by users of "Gleeble" 
techniques originated in 1949 by Nippes 
and Savage.2 The "hot-ductility" test is 
the technique most commonly employ
ed. In this test, a specimen which is 
being heated through a precisely simu
lated weld thermal cycle can, at any 
predetermined temperature, be frac
tured by high-strain-rate tensile loading. 
Performed over a range of temperatures 
this test yields information on the 
ductility and strength of heat-affected-
zone microstructures. 

In its earliest applications the hot-
ductility test not only proved valuable 
in establishing the relative crack sensi
tivity of austenitic stainless steels, but 
also demonstrated the ability to differ
entiate between "good" and "bad" 
materials of the same nominal composi
tion.3 Though the hot-ductility test 
remains one of the best methods for pre
dicting the crack sensitivity of heat-
affected-zone microstructures, more pre

cise information about the test must be 
obtained if the results are ever to be 
capable of objective interpretation.4"6 

Since the method of conducting hot 
ductility tests has not been standardized, 
interpretation of the results of the test 
is open to question. Several investi
gators46 '7 have suggested that the more 
or less conventional practice of con
ducting tests during cooling from the 
zero-ductility temperature does not 
provide as much discrimination be
tween materials as do tests conducted 
during cooling from the higher zero-
strength temperature. Still, there is no 
assurance that tests employing the 
higher temperature will invariably corre
late with actual welding experience, and 
there is a risk that too high a tempera
ture of exposure may occasionally 
lead to erroneous results. 

The investigation described in this 
paper was undertaken to obtain specific 
information on the metallurgical changes 
that occur during hot-ductility testing 
in the hope that a better understanding 
of the mechanical and metallurgical 
interactions that lead to characteristic 
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Fig. 1—Schematic diagram of the hot ductility apparatus 
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ductility and strength curves will sim
plify the interpretation of hot-ductility-
test data. 

Inconel 600 was used for this study 
because of general technical interest and 
because it is a stable fully austenitic 
alloy. This material was studied in 
different conditions by variation of the 
initial heat treatment. The observed 
microstructural changes were compared 
with those produced by conventional 
hot-deformation tests. The aim was to 
determine: 

1. The various metallurgical changes 
occurring in a stable fee alloy during 
hot-ductility testing with emphasis on 
microstructural alterations. 

2. The capability of the hot-ductility 
test to produce pertinent and reliable 
welding information. 

Experimental Techniques 
Hot-Ductility Testing 

Hot-ductility tests were conducted 
with a laboratory-built device, which is 
essentially a high-speed, hot-tensile 
tester, instrumented so that heating and 
cooling of the test specimen can be 
accurately programmed to reproduce 
the rapid temperature changes that 
occur during welding. The maximum 
temperature employed in hot-ductility 
tests may be any temperature below the 
bulk melting temperature of the ma
terial being studied. Therefore the 
technique provides the tensile proper
ties of any microstructure which may 
occur within the weld heat-affected 
zone.1,7 

The test employs cylindrical speci
mens, 1/i in. in diameter and about 4 in. 
long. Each specimen is clamped between 
two water-cooled jaws which, in addi
tion to serving as grips for tensile testing, 
provide a means for introducing a 
current through the specimen and en
sure a rapid rate of cooling when ihe 
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Fig. 2—Typical thermal cycle for IV2 
in. thick stainless steel—adapted from 
Nippes, et al.8 

flow of current is interrupted—Fig. 1. 
The heating current is controlled elec
tronically throughout the desired ther
mal excursion by means of a signal 
obtained from a fine-wire thermocouple 
percussuion welded to the specimen. 
During test, the instantaneous tempera
ture of the specimen is compared with a 
reference temperature and the flow of 
current is increased, decreased, or inter
rupted as required. The reproducibility 
of the thermal cycle is within ±15° F. 
Under the usual conditions a uni
formly heat-treated microstructure is 
obtained in the specimen within a region 
roughly 0.1 in. on each side of the 
centrally located thermocouple. At any 
preselected temperature during thermal 
cycling, the heating current may be cut 
off and a tensile load immediately 
applied. 

Since the thermal cycles specifically 
associated with welds in Inconel 600 
have not been determined, tests were 
conducted with cycles for arc welds in 
1V-2 in. thick, austenitic stainless steel, 
using a heat input of 30,000 joules/in. 
and no preheat.8 A typical thermal 
cycle is shown in Fig. 2. The heating 
rate during the test was of the order of 
500° F/sec and the cross-head speed 
was 2 in./sec. 

About 30 hot-ductility specimens were 
required to adequately establish the 
performance of a material. With the 
controller set for the desired thermal 
cycle, specimens were heated and 
quickly broken during the heating 
portion of the cycle (Fig. 3, see nos. 1-5) 
at increasing temperatures until a 
temperature was attained where the 
specimen exhibited no measurable 
strength. This temperature, the "zero-
strength" temperature (Fig. 3, no. 5), 
was thereafter used as the maximum 
temperatures of exposure for specimens 
that were broken during the cooling 
portion of the simulated welding cycle 
(Fig. 3, nos. 6-8). After fracturing, the 
reduction of area, and the ultimate ten
sile strength were determined and 
plotted as functions of the test tempera
ture. 

Oxidation of the fracture surface of 
those samples that were used for fracto-
graphic studies was avoided by rupturing 
such specimens in a protective argon 
atmosphere using a glass chamber 
illustrated in Fig. 4. 

Material 

All specimens were prepared from 
one of two heats of commercial Inconel 
rod purchased in the hot-finished and 
annealed ("as-received") condition. Me
chanical properties and compositions 
are listed in Table 1 and Fig. 5. 

Heat NX3779. With the exception of 
one test series all investigations under
taken during this study employed 
material from Inco heat NX3779, 
tested in three conditions: 

1. "As-received" (hot finished and 
annealed at approximately 1500° F). 

2. "Solution-treated" by heating to a 
peak temperature of 2440° F in the hot-
ductility device and permitting the 
specimen to fast cool 150° F/sec. 

3. "Aged"—same as 2 plus furnace 
heat treatment for 15 hr at 1500° F in 
argon and air cooled. 

For comparison, conventional hot-
tension tests were also conducted with 
material from this heat—Fig. 5. 

Heat NX6485. Material from heat 
NX6485, purchased as l/» in. diameter 
rod, was used only to determine the 
effect of prior cold work on hot-ductility 
behavior. The material was tested both 
"as-received" and following a 60% re
duction in area by cold swaging. 

Metallographic Techniques 

To examine the microstructure of hot-
ductility samples, light microscopy (LM) 
transmission electron microscopy 
(TEM), X-ray diffraction (XD), electron 
diffraction (ED), scanning-electron mi
croscopy (SEM), and electron-beam 
microanalysis (EMA), were used. To 
reveal the microstructure the hot-
ductility specimens were sectioned longi
tudinally and etched with a solution of 
10% Br2 in anhydrous methanol. 

Conventional direct carbon-extrac
tion replicas were used to investigate 
distributions and morphology of pre
cipitated phases. The extracted particles 
were identified with the help of XD, ED, 
and EMA methods. Fracture replicas 
and SEM techniques were employed to 
determine the fracture mode of speci
mens broken in a protective atmosphere. 

To obtain thin foils for TEM investi
gations, the fractured hot-ductility speci
mens were sliced transversely into discs 
(at various distances from the fracture 
surface) and ground to a thickness of 
4-5 mils. For specimens subjected to the 
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heating cycle only, the discs were cut 
from the center of the heated portion 
of the samples. Thin foils were prepared 
from all discs by a standard electro
chemical jet-polishing technique.9 The 
polishing solution consisted of a mix
ture of 10% perchloric acid and 90% 
acetic acid 

Results 
The Microstructural Changes in 
As-Received and Heat-Treated Inconel 
Caused by Hot-Ductility Testing 

Figure 6 shows the "as-received" 
microstructure of the hot-finished and 
commercially annealed material. The 
alloy had an initial grain size of ASTM 
9/10 with equiaxed precipitate particles 
of < 1 /mi* diameter located at the grain 
boundaries. This precipitate was identi
fied by ED and XD as M-C3 (M is pre
dominantly Cr). Transmission electron 
micrographs revealed a dislocation den
sity of about 108/cm2, typical for a well-
annealed material. 

The initial microstructure of "solu
tion-treated" Inconel (heated to a peak 
temperature of 2440° F in the hot-
ductility machine) is shown in Fig. 7. 
After this treatment the grain size was 
increased to ASTM 2, fine dendritic 
precipitate particles were observed on 
the grain boundaries, and the dis
location density was lower than in the 
as-received material. The grain-bound
ary precipitate, formed during cooling 
from 2440° F, was identified by ED as 
M23C6 (M is predominantly Cr). 

Figure 8 shows the microstructure of 
"solution treated and aged" material 
(exposure to a peak temperature of 2440° 
F, and aged for 15 hr at 1500° F in 
argon). The aging treatment resulted in 
heavy intergranualr precipitation con
sisting predominantly of M7C3 carbides. 
A few M23C6 carbide particles were also 
found at the grain boundaries. The 
M7C3 particles arranged in intragranular 
clusters or at grain boundaries were 
approximately 1 fim diameter. Smaller 
particles, <0.1 ^m in diameter, also 
were precipitated along dislocation lines. 
In the aged condition the dislocation 
density was markedly higher than in the 
solution-treated condition which may 
be attributed to pinched-off loops due 
to stresses created by the precipitate. 

On-heating, hot-ductility curves for 
Inconel 600 in the three conditions dis
cussed above are presented in Fig. 9A. 
On-cooling curves for material initially 
in the as-received and solution-treated-
and-aged conditions are shown in Fig. 
9B. 

Tested on-heating, the as-received 
material exhibited the highest ductility 
values over the entire temperature range. 
Though both the solution-treated and 
the aged materials show an increase in 
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Fig. 4—Glass chamber for hot ductility testing in inert atmospheres 

ductility with increasing test tempera
ture toward ,he level attained by the 
as-received samples, the return of 
ductility in the aged material is not 
significant until about 2000° F. At about 
2300° F the ductility of the material in 
all conditions decreases rapidly, reach
ing zero at temperatures near 2400° F. 

Tested on-cooling from their zero-
strength temperatures both the as-
received and the aged material exhibited 
hot-ductility behavior similar to the 
on-heating behavior of samples solution 
treated at 2440° F. Cycling to a peak 
temperature of 2440° F reduced the on-
cooling ductility to about 40% reduc
tion in area at 1500° F compared to 

roughly 75% reduction in area for the 
on-heating ductility of as-received In
conel. 

As is generally true, little difference 
was observed in the ultimate strength 
curves regardless of specimen condition. 
All materials, however, exhibited a sharp 
discontinuity in the temperature range 
2300-2400° F. Similar observations 
have been reported by Williams7 for 
various alloys. 

A series of light micrographs showing 
the microstructural changes in the as-
received material following hot-ductility 
test ng are presented in Fig. 10. Speci
mens tested on-heating over the range 
1500 to 2440° F (the zero-strength 

Table 1—Producers Analyses of Sample Materials, wt-% 

Material Code C Mn S Si Cr Ni Fe Cu 

Inconel 600 NX3779 
INX6485 

.07 

.07 
.24 
.22 

.007 

.007 
.34 
.25 

16.58 
15.56 

74.75 
75.69 

7.90 
7.76 

.09 

.42 

Nickel VP .005 

O N H Fe Si S Cu Ti 
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Fig. 8—Microstructure of Inconel 600 in the solution-treated and aged condition 
(2440° F peak temperature plus 15 hr at 1500° F in argon) 

temperature), exhibited fully recrystal
lized microstructures with grain sizes 
ranging from ASTM 9/10 to ASTM 2. 
The reduction in area values are highest 
when softening processes such as re-
crystallization, recovery, and grain 
growth were in progress (Fig. 10, nos. 
1-3). Solution of the grain boundary 
M7C3 carbide was begun by 1500° F 
and nearly complete at 2340° F (Fig. 
10, no. 4). Blunted transverse cracks 
(Fig. 10 no. 1), and cracks associated 
with Ti (CN) particles (Fig. 10, nos. 
1-3), were observed in the fractured 
specimens. In coarse-grained samples 
tested above 2300° F the fractures 
occurred mainly along the grain bound
aries—Fig. 11. The fracture mechanism, 
which could not be determined from 
LM examination is discussed in detail 

below under Fractography of Hot 
Ductility Samples. 

Figure 10 also shows the micro-
structures of samples broken during 
cooling from a peak temperature of 
2440° F. It is interesting to note that 
although recrystallization occurred in 
specimens fractured on cooling at 2090 
and 1800° F, recrystallization was not 
observed in the sample broken on-
cooling at 1500° F which exhibited only 
47% reduction in area. Low ductility 
at 1500° F is also associated with inter-
granular fracture (see also Fig. 11, no. 
7). 

The microstructures shown in Fig. 10 
for tested-on-cooling samples, are 
similar to the microstructures exhibited 
by samples broken on-heating to the 
same temperatures, after being given a 

2440° F peak temperature solution 
treatment. 

The microstructural changes in solu
tion-treated and aged Inconel after 
hot-ductility testing are shown in Fig. 
11. As was the case for the solution-
treated specimens, aged specimens frac
tured at 1500° F on-heating (reduction 
in area = 38%), did not show any 
indication of recrystallization. M7C3 

carbides were still present in the aged 
material and a mixed fracture mode was 
observed. The onset of on-heating re
crystallization in aged-condition ma
terial occurred at 2000° F (mainly on 
old grain boundaries) at a temperature 
at which the M7C3 particles are begin
ning to disappear (Fig. 11, no. 2). At 
temperatures to 2200° F, solution re
actions, recovery, recrystallization, and 
grain growth contribute simultaneously 
to an improvement in ductility values. 
Above 2200° F and during cooling the 
microstructures and failure modes are 
similar to those described previously 
for hot-finished material. 

To avoid the complications intro
duced by severe deformation micro-
structural examinations were also made 
with specimens subjected to a heating 
cycle but not pulled in tension. Electron 
micrographs of as-received Inconel after 
exposure to peak temperatures of 1500, 
2000, and 2300° F are shown in Fig. 12. 
No drastic microstructural alterations 
were observed below 2000° F. Above 
this temperature the precipitate started 
to dissolve and considerable grain 
growth was detected. Fig. 12B shows a 
migrating high-angle grain boundary 
pinned by remaining precipitates. At 
2300° F, all M7C3 particles were in 
solution, the dislocation density was 
low, and some M23C6 particles were 
observed to have nucleated at grain 
boundaries. 

Transmission electron micrographs 
of thin foils from fractured samples are 
shown in Fig. 13. The microstructure of 
the as-received Inconel after testing on-
heating to 1500° F exhibited both dis
location-free recrystallized grains and 
some heavily dislocated areas; the re
maining M7C3 particles sometimes acted 
as nuclei for the new grains. Almost 
complete recrystallization occurred at 
1800° F, many twins are present, and the 
new grains are relatively free of dis
locations; M7C3particles are still present. 
Tested on-heating at 2370° F, where the 
reduction in area is reduced to about 
20%, dislocations arranged in rows 
indicate that some deformation must 
have occurred prior to fracture (note 
dislocation rows, Fig. 13C). 

Specimens fractured on-cooling at 
1800° F, from a peak temperature of 
2440° F, (Fig. 13E) have a deformed 
matrix still present together with a large 
fraction of recrystallized grains. Frac
tured on-cooling to 1500° F the 
microstructure is characterized by a 
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heavy dislocated substructure—Fig. 13D 
The dislocations appear to be arranged 
in bands, depending on the grain 
orientation. Difficulties were exper
ienced in preparing these thin foils since 
many of the grain boundaries were 
cracked open due to the intergranular 
failure mode (see Fig. 11, no. 7). 

Transmission electron micrographs 
of solution-treated material (2440° F 
peak) showed no detectable difference 
in microstructure between specimens 
broken on-heating and those broken 
on-cooling. 

Transmission electron micrographs 
of the aged specimens tested on heating 
(Fig. 14C and 14D), revealed different 
dislocation arrangements from those 
shown in Fig. 13. Specimens fractured 
on heating at 1500° F exhibited numer
ous dislocations and platelike M7C3 

particles—Fig. 14C. No drastic change 
in the dislocation arrangement occurred 
up to 2000° F. At this temperature, 
where the first new recrystallized grains 
were observed, the dislocations were 
found arranged in a well-pronounced 
cell structure—Fig. 14D. Specimens 
subjected to the heating cycle only 
showed the disappearance of some 
smaller carbides in the temperature 
range 1500-2000° F (Fig. 14A and 
14B). 

Influence of Prior Cold Work on the 
Microstructure of Inconel 600 After 
Hot-Ductility Testing 

From the results described in the 
previous section one may conclude that 
recrystallization is the dominant process 
which controls ductility during the hot 
ductility test. Therefore, an increase in 
dislocation density, as induced by 60% 
cold work prior to testing would be 
expected to influence at least the low-
temperature part of the hot-ductility 
curve. However, as is shown in Fig. 15, 
no change in the on-heating ductility 
curve due to cold work was observed 
over the entire test-temperature range. 
On the other hand, higher ultimate 

tensile strength values were found, up to 
1800° F, for the cold-worked specimens. 

Figure 16A shows the dislocation 
density in the 60% cold-worked speci
mens prior to test. Thin foils (Fig. 16B 
and 16C) of specimens heated to 1500° F 
and heated-and-fractured at 1500° F 
showed no significant difference in dis
location arrangements. Some recrystal
lized grains could be detected in both 
conditions. 

The Temperature Range Between the 
Ductility Downturn and the Bulk 
Melting Temperature 

The temperature range between 2300° 
F and the bulk melting temperature is 
characterized by a sharp drop of the 
ductility values—Fig. 9. In the same 
region the strength curve shows a dis
continuity at about 2390° F and then 
drops to zero at 2440° F. 

Light microscope examination of the 
as-received material revealed that during 
heating above 2200° F, the M7C3 

carbides begin to dissolve and grain 
growth occurs—Fig. 10. Oblique illumi
nation of carefully etched samples 
heated just above the solution tempera
ture of most of the carbides (2315° F) 
revealed a network substructure (Fig. 
17D), of about 10/zm mesh size, re
sembling the original carbide arrange
ment. Electron microprobe line-scans 
showed that this substructure correlated 
with the segregation of chromium— 
Fig. 17A. 

Samples subjected to a heating cycle 
in the peak-temperature range 2350-
2440° F showed uniform equiaxed 
grains without detectable substructure. 
At 2440° F there is a nearly uniform 
distribution of Cr, Mn, Ti and Ni. 
Only a slight segregation of chromium 
could be detected at the grain bound
aries where bulky Ti (CN) particles and 
some Cr7C3 particles were still present— 
Fig. 17Band 17E. 

Heating to above 2440° F, the zero-
strength temperature, resulted in the 
formation of a new substructure net
work, of about 50 ;um mesh size, pene

trating the large original grains. Electron 
microprobe line-scans showed a clear 
correlation between the new sub
structure and segregation of Cr, Ti, and 
Mn in the darker etched regions; com
pare Fig. 17C and 17F. 

To obtain further details on the micro-
structures formed during these "heating 
only" thermal cycles, thin foils were pre
pared from the central portion of 
specimens for transmission electron 
microscopy. As is illustrated in Fig. 18, 
heating to 2000° F resulted in grain 
growth and solution of smaller carbide 
particles. Occasionally a moving grain 
boundary was pinned by a larger M7C t 

precipitate—Fig. 18D. Heating to about 
2300° F, where the network substructure 
became first apparent, resulted in a 
coarse grain size, precipitate-free grains, 
and straight grain boundaries. There 
was no evidence correlating chromium 
segregation and microstructural features. 
A specific dislocation arrangement could 
not be detected. 

At the zero-strength temperature of 
2440° F, a localized etching effect was 
observed to cause broadening of some 
grain boundaries. This effect became 
more pronounced with increasing tem
perature and, in addition, the higher-
temperature network substructure could 
be detected—Fig. 18B and 18C. Trans
mission electron microscopy showed 
that the microstructures produced by 
heating to temperatures in the range 
2440-2490° F are characterized by 
irregularly linked grain boundaries— 
Fig. 18E and 18F. During cooling from 
temperatures above zero strength, small 
M23C6 particles were formed on the 
grain boundaries. These particles, how
ever, are not responsible for the irregu
lar grain-boundary shape, since ir
regular boundaries were also found in a 
sample heated to 2490° F and water 
quenched at about 1500° F/sec, whereby 
the formation of precipitates is almost 
completely suppressed. 

Fractography of Hot Ductility Samples 

For a more detailed study of the grain 
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boundary topography, fracture surfaces 
of specimens tested in an argon atmos
phere were examined by extraction 
replica techniques in the TEM, and by 
SEM techniques. Figure 19A reveals 
the fracture surface of a specimen 
broken at 1800° F, characterized by a 
smooth hill-like appearance with remain
ing M7C3 particles. Specimens broken 
in the temperature range up to 2200° F 
showed similar features. On fracture 
surfaces of specimens broken at tem
peratures above maximum ductility, in 
addition to the rather smooth areas, 
terrace-like features were found—Fig. 
19B and 19C. With increasing test 
temperatures the entire fracture surface 
became covered with these character
istic features—Fig. 19D. M23Cc particles 
were found on this surface. This char
acteristic topography could also be 
detected with the SEM as shown in 
Fig. 19E. 

To determine the fracture mode over 
the entire temperature range, a SEM 
examination was performed on samples 
broken in argon in the temperature 
range of 1500 to 2490° F. Up to about 
1800° F a dimpled fracture surface 
characteristic for ductile transcrystalline 
failure was observed for the as-received 
specimens, while the solution treated 
and aged specimens showed a mixed 
grain-boundary and dimpled-transgran-
ular failure mode. All samples tested in 
the temperature range above 2000° F 
exhibited irregularly rounded surface 
features—Fig. 20A and 20B. At tem
peratures exceeding the ductility maxi
mum the fracture mode changed abrupt
ly to intergranular failure (Fig. 20C), 
and this failure mode was 100% at 
temperatures exceeding the zero-ductil
ity temperature. 

Additional information concerning 
the failure mode was obtained from 
SEM observations of the outer ample 
surface near the fracture surface. The 
as-received specimens broken on heating 
at 1500° F revealed an almost crack-free 
surface with pronounced deformation 
markings. The solution treated and 
solution treated-and-aged specimens ex
hibited deformation markings and grain 
boundary parting predominantly at 
triple points. Samples broken in the 
region of maximum ductility showed 

A. 15O0a? Peak n 0 0 F Peak 

Fig. 12—Transmission electron micrographs of Inconel 600 samples heated to vari
ous peak temperatures without fracture 

voids and cracks at triple points—Fig. 
20D. Most of the voids and triple point 
cracks were no longer associated with 
grain boundaries and were located 
inside of recrystallized grains. Specimens 
broken in the temperature range of 
decreasing ductility (Fig. 20E) showed a 
larger number of spheroidized voids and 
an increase in length of some cracks. 

At temperatures of zero strength we 
observed grain boundary failure without 
deformation, and occasionally, a slight 
rotation of entire grains—Fig. 20F. The 
lines observed in Fig. 20F are circum
ferential surface grinding marks. 

Discussion 
Drawing on the foregoing observa

tions it is possible to formulate a scheme 
which considers, for a stable austenite, 
the factors contributing to hot-ductility 
and hot-strength data under conditions 
of rapid heating and high strain rates. 
As is illustrated in Fig. 21, three regions 
of elevated-temperature ductility can be 
differentiated: Region I, where with 
increasing temperature the ductility 
decreases; Region II, where the duc
tility rises to very high values; and 
Region III, where the ductility drops 
abruptly to zero. Over the same tem
perature range, the ultimate tensile 
strength decreases continuously and 
exhibits a sharp discontinuity in Region 
III. The yield stress shows a discon
tinuity at the beginning of Region II, 
and a further decrease with rising 
temperature. In the present study 
investigations were confined to Regions 

II and III starting at about 0.6 T,„, T„, 
being the melting point in °K. 

Region I (Decreasing Ductility and 
Strength with Increasing Temperature) 

The decrease of ductility and the loss 
in strength with increasing temperatures 
was discussed by several investiga
tors1"11 and was not considered in this 
investigation. Recovery processes have 
to be considered since strength as well 
as ductility of a metal during high 
temperature deformation is governed 
by both work hardening and by soften
ing processes. At lower temperatures, 
work hardening predominates resulting 
in high strength but low ductility. 

Region II (Increasing Ductility and 
Decreasing Strength with Temperature-
Starting with a Temperature of 0.6T,„) 

Since a quantitative theory dealing 
with softening during hot deformation 
has not yet been developed, considera
tion of the characteristic behavior in 
Region II must be primarily based on 
the published results of low-strain-rate, 
hot-torsion experiments. 

The beginning of Region II (Fig. 21), 
can be thought of as the temperature 
where the softening processes begin to 
dominate over the strain-hardening 
process. Generally in nickel-base alloys, 
characterized by a low stacking-fault 
energy, the predominant softening proc
ess is believed to be recrystallization."'12 

McLean has hypothesized that high 
stresses and high temperatures are 
responsible for making recrystallization 
the rate-controlling softening process.13 

M m 

t 

A. On-Heatits 
to 1500'1? 

. Oa-lteattng 
to 2 370<T 

lW V. 1500'F Cooling from lya ¥.. 1 
2440"? Peak 

Fig. 13—Transmission electron micrographs of hot-ductility specimens fractured at various temperatures 
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V. X500°F Peak 
(So Fracture) 

X / «•. i 
B. 2000°F Peak 

(No Fracture) 

Fig. 14—Transmission electron micrographs of solution treated 
and aged Inconel 600 

Fractured Oo-
Heatlng 1500*F 

D. Fractured On-
Heading 200p*T_ 

A ductility minimum, at the beginning 
of Region II, has been reported for 
Inconel 600 at around 1300° F.141'1 

Similarly, our own data (Figs. 5, 9, and 
15) indicate the presence of a ductility 
trough. The effect of the high strain 
rate used in the hot-ductility test is to 
shift the minimum ductility to some
what higher temperatures. 

Though some systematic study has 
been made of the influence of strain 
rate, temperature, grain size, solid-
solution alloying, and dispersion harden
ing on hot strength, equivalent studies 
on hot ductility have not been under
taken.10 However, it may be expected 
from conventional recrystallization 
studies,17 that the temperature of the 
onset of the softening process (which 
influences the temperature of the ductil
ity minimum) is strongly influenced by 
the initial microstructure, see on-heating 
data Fig. 9A. The results of our experi
ments, as previously described,* demon
strate the effect of the initial micro-
structure on the onset of softening. By 
altering the initial microstructure, 
changes were achieved in solid-solution 
strengthening, in precipitation harden
ing, and in the dislocation density. 

Previously discussed results* show the 
continuous occurrence of softening by 

*The Microstructural Changes in As-
received and Heat-Treated Inconel Caused 
by Hot-Ductility Testing. 

On Healing , on Cooling from 
(both conditions), Zero Strength 2415° 

(both conditions! 

1400 1600 1800 2000 2200 2400 
Test Temperature, °F 

Fig. 15—Hot ductil ity curves for Inconel 
600 (heat NX6485) in the as-received and 
in the 60% cold-worked conditions 

recrystallization over the entire Region 
II for the as-received material. Sherby16 

anticipated that a fine, stable grain size 
would result in the highest ductility 
because of impeded grain boundary 
crack propagation associated with a 
large number of grain-boundary bar
riers. Also, one might expect that a 
fine-grained material would have im
proved ductility because of a larger 
number of recrystallization sites. This 
view is in good agreement with our ex
perimental findings. Furthermore, round 
M7Cj particles could also forestall 
intergranular rupture in the manner 
reported by Garofalo.^ for creep-
rupture-tests on Type 316 stainless steel. 
With that material the rupture time was 
considerably increased by the presence 
of equiaxed carbide particles on the 
grain boundaries. 

The change in microstructure intro
duced by a 2440° F peak-temperature 
solution treatment included a grain-
size increase and the dissolution of 
almost all precipitates. Though the 
influence of a coarse grain size has not 
been established, Sherby16 reported 
some experimental evidence supporting 
an assumption that a coarse-grained 
microstructure reduces hot ductility. 
The general effect of solid-solution 
alloying is to increase strength and 
decrease ductility during hot deforma
tion." We observe, in Fig. 9A, a low 
ductility, about the same strength 
compared to the hot-finished material, 
and some delay in the beginning of 

recrystallization. 
Solution-treated specimens, fractured 

on-heating at 1500-1600° F had a high 
work-hardening rate and a high dis
location density. These specimens ex
hibited intergranular rupture probably 
resulting from an increase in the strength 
of the matrix relative to the grain 
boundaries. This mechanism is often 
reported to be responsible for the 
intergranular failure mode in creep-
rupture tests. The high work-hardening 
rate may be attributed to strong inter
action processes between dislocations 
and remaining agglomerates of carbon 
or chromium atoms. Such an inter
action process was recently reported to 
occur1920 in commercial austenitic alloys. 
We may assume that the brief thermal 
cycle results in incomplete solution of 
the original carbides and leads to the 
retention of atomic clusters of segre
gates. 

Solution-treated and aged specimens 
tested on-heating exhibited 1600° F 
ductility values as low as solution-
treated specimens and the onset of re
crystallization was shifted upwards to 
about 2000° F. From creep experi
ments18 we know that finely spaced 
precipitates impede dislocation move
ment and grain boundary migration. 
From our microstructural studies we 
conclude that strong interaction of dis
locations with fine precipitate (<1000 
A,* see Fig. 8C) results in stable ob-

»1 A = 10-' /tm = 10-10 mils . 

60S: Cold Worked 8. Tested On-Heating 
to 1500"P 

C. 1500°F Peak 
(No Fracture 

Fig. 16—Transmission electron micrographs of cold-worked Inconel 600 
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Fig. 17—Microstructural changes and segregation in Inconel 600 produced by exDOSure to various peak temperatures. 
A, B, C—microprobe line traces of Mn, Ti, Cr, and Ni; D, E, and F—light micrographs 

stacles for further dislocation movement. 
Only above the temperature where dis
solution of this fine precipitate (Fig. 
14B) occurs, can softening processes 
proceed. Furthermore, grain-boundary 
precipitate can lock boundaries in 
position and require additional energy 
to initiate recrystallization. 

The increase in dislocation density 
introduced by 60% cold working 
resulted in an increase in the ultimate 
strength, but no measurable effect on 
ductility could be detected—Fig. 15. We 
attribute the increased strength, com
pared to that of the as-received speci
mens, to the higher amount of work 
hardening, (see high dislocation den
sity, Fig. 16A). A slightly increased 
ductility would be expected once re
crystallization had begun. 

From these observations we conclude 
that the temperature of the onset of re
crystallization is markedly dependent 
on the original microstructure of the 
material. The softening process itself, 
however, cannot be determined simply 
from microstructural examinations of 
tested hot-ductility samples. Stuwel;,:l 

has pointed out that when new grains 
are observed after hot deformation, one 
must determine whether they were 
formed: 

1. After deformation 
2. During deformation by a dynamic 

recovery process "recrystallization in 
situ", or, 

3. During deformation by a dynamic 
recrystallization process. 

Our observations show that disloca
tion-free recrystallized grains are present 
in samples broken above the minimum-
ductility temperature. However, the 

dislocation arrangement in the unre-
crystallized portions of the specimens 
(Fig. 13) did not show any visible re
covery. Considering the high ductility 
values attained, we may conclude that 
dynamic recrystallization is the con
trolling softening process. We cannot, 
however, exclude from consideration 
the possibility that some recrystalli
zation occurred during cooling after 
fracture, resulting in the observed dis
location-free new grains. This softening 
process occurring after fracture during 
cooling (approximately 7 sec to 1000° 

F) could not, however, contribute to 
the high reduction in area values ob
tained during the test. The solution 
treated and aged alloy was the only 
material to show a subgrain structure 
indicative of some recovery. 

Careful metallographic examination 
yielded further indications of dynamic 
recrystallization, such as bent twins in 
recrystallized grains, and blunted cracks 
or voids, once located on grain bound
aries but now found within new grains— 
Fig. 20. 

These observations can be explained 

2000OF 
10 pm 

2440°F 
10 pm 

2«0°F 
10 pm 

m 

Ipm 1pm 

Fig. 18—Microstructural changes in Inconel 600 in the temperature range 2000' 
2490° F. A, B, C—light micrographs; D, E. F—transmission electron micrographs 
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Fig. 19—Electron micrographs of fracture surfaces of Inconel 600 broken in argon. A, B, C, D—electron micrographs of ex
traction replicas; E—scanning electron micrograph 

by a model suggested by Tegart"a which 
correlates crack formation and dynamic 
recrystallization during continuous hot 
deformation. Tegart suggests that the 
high-ductility-temperature region corre
sponds to the region where fast migra
tion (recrystallization) of the original 
boundaries occurs. Cracks initiated at 
triple points or along particle inter
faces are quickly isolated from the mov
ing grain boundaries so that further 
immediate crack growth is prevented. 
New cracks may form along new re
crystallized boundaries and would then 
proceed to grow in a manner similar to 
the initial cracks. In this temperature 
region the controlling process in crack 
propagation is grain-boundary migra
tion. In the very high temperature 
region considerable grain growth occurs 
prior to testing (Fig. 18) which compli
cates the comparative interpretation of 
the hot-ductility test. 

To obtain further information about 
the processes occurring during hot-
ductility testing we compared the various 
load-time traces recorded during frac
turing, in a manner similar to that used 
by Dieter, et al.1' for slower deforma
tion processes. The machine crosshead 
speed (2 in./sec without a specimen) was 
found to be influenced by the strength 
of the specimen as shown in Fig. 22. 
After correction for the variation in 
crosshead speed and computation of 
stress (relative to the original specimen 
cross-section), corrected stress-time 
curves could be plotted—Fig. 23 and 
Table 2. True stress-strain curves could 
not be calculated because of the varia
tion in length of the uniformly heated 
portion of the specimen. Figure 23 
presents the stress-time curves for 
Inconel 600, in various initial condi
tions, at 1500, 1800 and 2080° F. 
Figure 23A shows a low value for the 

fracture stress of the as-received speci
mens, and microstructural observations 
indicated a large amount of recrystal
lized material. We may conclude that 
high ductility values, a low fracture 
stress, and a large amount of recrystal
lization occur concurrently. This as
sumption is also in agreement with 
the data shown in Figs. 23B and 23C 
and Table 2. 

True stress strain curves are needed 
for a better understanding of the hot-
deformation process.40 This would re
quire improved sensitivity in stress 
recording and use of a specimen with a 
well-defined gage length. 

The topography of high-temperature 
fracture surfaces is not yet explained 
at present and was referred to "ductile 
rupture" observed at elevated tempera
tures and high reduction in area 
values."h Recently, Wray 21 reported on 
a similar kind of high-temperature 

lO.pm 10 pm 

Fig. 20—Scanning electron micrograDbs of fracture and outer surfaces of Inconel 
600 specimens broken in argon. A, B, C—fracture surfaces; D, E, F—outer surfaces 
(note cracks and voids) 
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fracture in steel. 

Region III (Sharp Drop of Ductility and 
Strength to Unmeasurably Low Values) 

General Consideration About Liqua
tion. It is known that at test tempera
tures approaching the bulk melting 
point the ductility falls off abruptly. 
This phenomenon is frequently called 
"hot-shortness." Sherby16 proposed that 
this fall-off is due to local melting at 
impurity regions, usually at grain bound
aries. The mechanical properties of 
aluminum-tin alloys under tensile-test 
conditions above the solidus tempera
ture have been investigated recently by 
Williams and Singer.22 They developed 
a model based on fracture mechanics 
ascribing the fracture mechanism to the 
presence of a liquid grain-boundary 
film. Williams7 speculated that, under 
high strain-rate tensile conditions, zero 
ductility is reached at the temperature 
where melting first occurs while the 
zero-strength temperature is the tem
perature where extensive grain-boundary 
wetting occurs. Yeniscavich5 presented 
a model for the low-ductility region 
by postulating that liquation starts at 
the temperature of the maximum in 
ductility, and that the strength drops to 
zero when the liquid film covers the 
entire grain-boundary area. This model 
was criticized by Owczarski6 who pro
posed that a shift in failure mode occurs 
at the temperature of the downturn of 
ductility and that melting subsequently 
occurs when the zero-ductility tempera
ture is exceeded. Duvall and Owczarski23 

found experimental evidence in Ni-base 
superalloys for a shift in fracture mode 
from transgranular to intergranular at 
the temperature of maximum ductility 
but did not report liquation to occur in 
this region. 

On a thermodynamic basis,24 grain-
boundary melting should occur in pure 
metals at about 0.98 Tm. The solidus 
surface for the Cr-Fe-Ni system has 
been reported25 by Bain and Aborn and 
is shown in Fig. 24. From Fig. 24 the 
solidus temperature for a comparable 
"pure" Inconel (Cr-Fe-Ni) alloy is 
2525° F (1385° C). The bulk melting 
range for Inconel 600 was reported26 

to be between 2470 and 2575° F. How
ever, impurities and impurity segregation 
could drastically lower the temperature 
for incipient melting because of de
pression of the solidus temperature— 
Table 3. 

If second-phase particles are present, 
liquid pools can be formed during fast 
heating as a consequence of non-
equilibrium conditions. This phenom
enon called "constitutional liquation" 
by Pepe and Savage,34 was found to 
occur in maraging steel and in various 
superalloys.23'27 Experimental evidence 
for localized melting caused by con
stitutional liquation was given by these 
authors on the basis of various etching 

Strengthening 
Processes: 

Softening 
Processes: 

Fracture 
Mode.-

.Precipitation, 
/Strain-, or 
Solid-Solution/^ 

Hardening 

Recrystallization 
K \ w \ \ \ \ v 

Grain Boundary Migration. 

T/////A 

, Grain Boundary. 

Liquation 

Fig. 21—Factors contr ibut ing to hot ductility and hot strength 
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Fig. 22—Variation of cross-head speed with specimen strength, 
a lent test temperatures for Inconel 600 are computed 

60 

Equiv-

techniques which resulted in the broad
ening of grain boundaries and a seam 
around particles. 

The property changes and some addi
tional observations in Region III for 
as-received Inconel 600 are summarized 
in Fig. 25 (note expanded temperature 
scale). The downturn in ductility starts 
at 2300° F and reaches zero at 2410° F. 
The discontinuity in the strength curve 
occurs at 2395° F and zero strength 

occurs at about 2440° F. The rapid 
drop in reduction of area values coin
cided with the change in fracture mode 
from ductile shear to intergranular 
failure. Scanning electron micrographs 
and replicas of fracture surfaces showed 
the first indications of a terrace-like 
topography in a sample broken at about 
2325° F. The amount of these step-like 
features on the fracture surface was 
found to increase with increasing test 
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Fig. 23—Stress-time curves for Inconel 600 in conditions shown in Table 2 and with crosshead speeds as follows in in./ 
sec; A (left)—1.1; B (center)—1.15; C (right)—1.4 

temperature. As discussed later, this 
specific topography is believed to be 
the result of partial liquation. Our 
observations indicate that the beginning 
of liquation is coincident with the 
downturn of ductility. However, the 
initiation of melting is difficult to detect 
even with scanning electron microscopy, 
and temperature measurements are 
subject to some error (see Appendix). 

Estimating the amount of liquated 
material from light micrographs is very 
difficult. An attempt can be made only 
with specimens which exhibit a large 
amount of liquated material under the 
assumption that the observed broaden
ing of grain boundaries corresponds to 
liquated material. The estimates are 
shown in Fig. 25D, indicating a rapid 
increase in liquation above the zero 
ductility temperature. Further indica
tion of drastic property changes at very 
high temperatures were obtained from 
dilatometer curves, recorded during the 
heating 'and cooling cycle. 

The specimen elongation ^was deter
mined by measuring the t maximum 
displacement of the movable grip during 
the thermal cycle. As shown in Fig. 25C 

the elongation increased uniformly up 
to the temperature of the discontinuity 
in the strength curve (2395° F). Up to 
this temperature, no permanent elonga
tion could be measured after the speci
men had cooled to room temperature. 
Heating to higher temperatures caused 
a rapid increase in both the maximum 
and the permanent elongation. Rapid 
change in the maximum elongation is 
indicative of a phase change. The onset 
of permanent elongation indicates that 
the specimen did not have sufficient 
strength to overcome the movable-jaw 
friction during contraction. 

A longitudinal section of a spsc men 
heated to 2490° F (Fig. 26A), revealed 
internal cavities and wide-open internal 
cracks. In no case did such flaws reach 
the surface of the specimen. A similar 
structure is shown in the scanning 
electron micrograph, shown in Fig. 26B, 
of a specimen heated to 2490° F and 
broken on-cooling to 1500° F. The 
intergranular failure from exposure to 
the high peak temperature can be 
clearly differentiated from the areas of 
mixed ductile and grain-boundary failure 
formed during fracture at 1593° F 

Table 2—Conditions for Corrected Stress-Time Curves of Fig. 23 

Fig. 23A 

Fig. 23B A 
B 
C 

Fig. 23C 

Condition 

As-received 
Solut ion t reated 
Solut ion t reated and aged 

As-received 
Solut ion t reated 
Solut ion t reated and aged 

As-received 
Solut ion t reated 
Solut ion t reated and aged 

Test 
Temp. 
<°F) 
1500 
1500 
1500 

1800 
1795 
1800 

2000 
2060 
2080 

Reduc
tion 

area, 

76 
42 
37 

92 
72 
43 

98 
87 
64 

of 

% 

Fracture 
stress, 

ksi 

50 
98 
63 

20 
68 
54 

— 
— 
30 

ASTM 
grain 
size 

10 
2 
2 

Obviously, exposure to peak tempera
tures higher than the zero-strength 
temperature must be avoided during 
conventional hot-ductility testing or 
severe unintentional damage may occur. 

The thickness of the molten grain-
boun ' ry region "h" can be estimated 
from Chadwicks24 calculations. As
suming complete grain-boundary wet
ting, the tensile stress, a, is mainly 
required to overcome the attraction due 
to surface tension, yL'. 

2y, 
h (1) 

According to Chalmers,28 the value 
for the surface tension in fee metals 
is of the order of 500-1000 erg/cm2. 
Calculated ultimate strength vs. film-
thickness curves for Inconel 600 are 
shown in Fig. 27. According to eq (1), 
a molten grain-boundary film 300-600 A 
thick is predicted for a strength of 5 ksi 
which may be assumed as a typical 
value at zero-ductility temperatures. 
For a grain boundary of a pure metal 
by thermodynamic reasoning,24 under
cooling in the range 0.02 Tm should 
result in a molten layer only of about 
20 A which would correspond to very 
high strength under tension if shearing 
of grain boundaries can be neglected. 
The depression of the melting tempera
ture to the temperature of observed 
initial liquation (^150° F) is much 
higher than the theoretical 0.027m 
(~60° F). This may be related to segre
gated impurities or constitutional liqua
tion around second-phase particles. 

As shown in Fig. 17 segregation of Cr 
can be detected in samples heated up to 
2340° F; this segregation network with 
a mesh size of the original carbide net
work is sometimes associated with un-
dissolved large second-phase particles 
(Cr7C3). After heating up to 2440° F the 

482-s I O C T O B E R 1970 



electron-microprobe line scans showed 
a slight increase in Cr in the vicinity of 
some grain boundaries and around Ti-
rich MC particles. In samples heated to 
the highest temperatures pronounced 
segregation of Mn, Ti and Cr coincides 
with a liquated network (50 yum diam
eter < than grain size). 

Segregation is also related to the 
liquated areas around isolated particles. 
The Cr segregation network is the result 
of incomplete solution of carbide 
particles originally distributed in a 
network of same mesh size while the 
Ti-Mn segregation network is indicative 
of partial liquation. This localized 
melting can be explained by the effects 
of constitutional liquation with various 
kinds of precipitates. 

Constitutional Liquation and Diffusion. 
Constitutional liquation depends on the 
interactions between heating rate, com
position of precipitate, kinetics of dis
solution of precipitates, minimum soli
dus temperature, and homogenization 
of the elements in the precipitate into 
the matrix by diffusional processes. A 
detailed consideration of constitutional 
liquation in such systems will be des
cribed in a future report.29 A summary of 
preliminary results is presented below. 

To decide if constitutional liquation 
could occur the knowledge of the lowest 
solidus temperature is required. Un
fortunately, this is not known in detail 
for these multicomponent systems. In 
pure Ni-Cr-Fe systems (Fig. 24), the 
lowest solidus temperature was re
ported to be 2370° F for a composition 
of 49% Cr, 43% Ni and 8% Fe. Im
purities like Mn may further depress 
this temperature. For the composition 
found in the segregation network in the 
temperature range 2490° F no phase-
diagram data are available. However, as 
can be learned from binary systems, 
very low solidus temperatures may be 
expected—Table 3. If constitutional 
liquation is to occur, the diffiusivity of 
the solute (Cr) has to be slow enough to 
prevent complete homogenization or 
dissolution of the second-phase Cr7C3 

particles during rapid heating to tem
peratures within Region III. 

An attempt was made to calculate the 
total diffusion distance of Cr for a 
given thermal cycle and determine the 
theoretical particle size necessary for 

Liquidus Surface 

Table 3—Minimum Solid 
Temperatures 
Systems35 

System 

Mn-Ni 
Ni-Ti 
Cr-Ti 
Cr-Mn 
Cr-Ni 

in Various 

Compo
sition, 
wt-% 

38 Ni 
87 Ni 
47 Cr 
74 Mn 
49 Ni 

JS 

Binary 

Minimum 
solidus 

temperature, 
°F 

1832 
2372 
2534 
2390 
2450 

Fe 20 30 40 50 60 70 80 90 

Weight Percentage Nickel 

Solidus Surface 

I385°c = 
2525°F 

rO 20 30 40 50 60 70 30 90 

Weight Percentage Nickel 

Fig. 24—Liquidus and solidus surfaces for the ternary Cr-Fe-Ni system2 
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constitutional liquation to occur. The 
diffusion length was determined from 
Fick's law using the solution for the 
infinite source31'32 and assuming the 
initial concentration of the element in 
the bulk to be negligible: 

' ( H i ) = Co 1 - erf U 
2y/Dt) 

(2) 

where C = concentration, x = diffusion 
length in jim, D = diffusion coefficient 
in cm2/sec, and t = time. 

To obtain an estimate of the initial 
particle size, it was assumed that the 
concentration in the segregated cloud 
decreases linearly from the center of 
the spherical particle. This means that 
when the particle has just dissolved the 
boundary conditions are exact and 
Cix) = Co/2. Actually, the concentra
tion falls off exponentially from the 
center of the particle and it can be shown 
that this assumption tends to predict 
a smaller particle than is actually re
quired for liquation to occur. For 
C(X) = Co/2 and using the appropriate 
erf-values,33 the diffusion length: 

VDt (3) 

The diffusion constant is a function 
of temperature, 

DT = A r e 
RT 

(4) 

where Q = activation energy in cal/mol, 
R = gas constant (cal/mol/°K), T = 
temperature in °K, and Do — constant 
in cm2/sec. 

DT for the thermal cycle used in'our 
experiments was determined by ap
proximating the thermal cycle as a 
step function—Fig. 28. The total dif
fusion distance was calculated .o be: 

when: 
•*to t =HiXi 

T,iXi =zZiVDTiti (5) 

/ = interval in step function. 
The diffusion values for Cr in a Ni-Cr 

alloy were taken from Smithells33 and 
the calculations were performed only 
above 1500° F because of the small 
calculated diffusion distances and be
cause no significant dissolution of the 
precipitate could be detected below this 
temperature. This can also be seen from 
the tentative TTT diagram for Cr7Cs 

and M2:)C6 in Inconel 600 presented in 
Fig. 29. Region A marks the heat 
treatment condition of the as-received 
material. The dotted line shows the 
cooling curve after solution treatment 
indicating that only a small amount 
of M23C6 can be formed during the 
rapid cooling of a solution-treated 
sample. H 

The diffusion distance (x) for Cr is 
plotted'as a function of time for three 
thermal cycles with different peak 
temperatures—Fig.' 30. The x values 

for the peak temperature are in the 
order of 0.13-0.24 pm. As a first ap
proximation one may assume that the 
minimum diameter of the Cr-carbide 
particles which could contribute to 
liquation are twice these values, i.e., 
0.26-0.48 Lun. This is in good agreement 
with the metallographic observations 
which showed that there are several 
particles having a size greater than 0.5 
Lim. Similar calculations are in prepara
tion for the Ti(CN) particles which as 
experiments demonstrate should also 
contribute to constitutional liquation. 
The calculated xtota.\ (Fig. 30) is large 
enough to explain the solution of almost 
all chromium carbides during the 
combined heating and cooling cycle. 

These theoretical considerations show 
that constitutional liquation can occur 
reducing the temperature of incipient 
melting and affecting the mechanical 
properties in this temperature range. 
Since the presence of a liquid film is 

4t •»' ;*>iM*m* 

m&"*i *t ' yk 

a©*3S*' 
>*-

;&£%&?* 
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B. Broken at 1500°F On-Cooling lOOpm 
from 2490°F 

Fig. 26—Inconel 600 exposed to a peak 
temperature of 2490° F. A (top)—light 
micrograph of longitudinal section; B 
(bottom)—scanning electron micrograph 
(Note deformed grains) 

possible, one must postulate a certain 
minimum thickness of the film in order 
to explain the low ultimate strength. 
As calculated from eq (1) ajiquated film 
of thickness less than 20 A is required 
for the strength at the temperature where 
liquation was first detected where a film 
about 500 A thick accounts for the 
strength values found at zero-ductility 
temperatures. The ultimate strength 
would approach zero at film thicknesses 
above 1000 A, as was observed in 
samples broken at these temperatures— 
Fig. 18B and 18C. These considerations 
point out that any model explaining low 
ductility and low strength by liquation 
must account for a certain thickness 
of the molten film covering a large 
fraction of the total grain interfaces. 

If the described considerations are 
valid, pure metals should exhibit an 
instantaneous drop in ductility at the 
temperatures where grain-boundary 
melting occurs, i.e., at the temperature 
0.02 Tm below the Tm. At the same 
temperature a discontinuity should also 
occur in the strength curve. Hot-
ductility test results for vacuum-melted 
99.98 wt-% pure nickel showed pre
cisely this effect as illustrated in Fig. 31. 

The Solidification Process. As shown 
in Fig. 19C, D and E, fracture surfaces 
from samples broken at temperatures 
in Region III showed a step-like surface 
topography which may be attributed 
to solidification of a liquid film. Similar 
surface structures have been observed 
by Chalmers36 and several other work
ers37 on solidified single and poly-
crystalline pure metals. These investi
gators stated that during the solidifi
cation process flat regions are formed 
on the substrate crystal parallel to the 
J i l l} and {001} crystallographic planes. 
These flat regions are confined by steps. 
The formation of these steps and the 
step height seems to be dependent on 
the kind of metal, the impurity content, 
the crystal orientation, and the surface 
energy. However, no quantitative infor
mation is available on the formation, 
size, and the kinetics of this typical 
step-like surface structure. The fact 
that these features are not distributed 
uniformly over the entire surface of HD 
specimens makes it unlikely that these 
structures are caused by thermal etching, 
but rather indicate that they are due to 
an epitaxial regrowth of a discontinuous 
molten layer. The step spacing varies be
tween the resolution limit of the electron 
microscope (~10 A) up to 0.5 fan, the 
step height estimated from scanning 
electron micrographs is in the order of 
several 100 A. 

Transmission electron micrographs of 
samples heated to temperatures of 
partial liquation revealed irregular nar
row spaced serrated grain boundaries. 
In general, no dislocation substructure 
can be associated with the serrations 
and thus it is improbable that the ser-
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rations are formed by plastic strain. No 
observations are reported in the present 
literature regarding grain boundary 
topography in partially molten and re
solidified specimens. 

A tentative model for the formation 
of these serrations is proposed in Fig. 
32. During cooling the liquated grain 
boundary area solidifies by epitaxial 
growth along a preferred growth direc
tion (e.g., <111>) onto the substrate 
grains, rejecting the solute impurities 
into the remaining liquid. This epi
taxial regrowth occurs in layers con
fined by steps which result in serrated 
boundaries after complete solidification. 

The stabilization of these irregular 
boundaries (which should be thermo-
dynamically instable) may be caused by 
impurity segregation. Elements which 
have larger atomic radii than the matrix 
atoms such as Mn and Ti are expected 
to pin the grain boundaries most 

actively. M23C6 particles formed pref
erentially during cooling at these 
serrated grain boundaries may cause a 
further stabilization of the nonequilib-
rium grain-boundary shape. 

Identical observations were made on 
rod shaped test samples of Inconel 600 
liquated at one end by gas tungsten-arc 
welding. Serrated boundaries as des
cribed above (see also Fig. 18) were 
revealed in the melted region and elec
tron microprobe line scans showed 
similar segregation effects as presented 
in Fig. 17. This is a clear indication that 
microstructural changes occurring dur
ing welding can be at least qualitatively 
simulated by the hot ductility test. 

Conclusion 
This investigation was part of an 

effort to evaluate the capability of the 
Gleeble test technique to determine data 

from which properties of the various 
zones of a weld and the weldability of 
various materials can be deduced. 
Special emphasis was placed on the 
development of a fuller understanding 
of microstructural changes occurring 
during the hot-ductility test and their 
effects on the hot-ductility data. Of 
particular concern was an investigation 
of the occurrence of a midrange ductility 
dip, of a high-temperature strength in
flection point, and the temperature 
range of localized melting. 

From our investigations the following 
conclusions can be drawn: 

1. The Gleeble test technique yields 
reproducible ultimate strength and duc
tility data in the investigated tempera
ture region between 0.6 Tm to approxi
mately Tm. 

2. During the temperature cycle of 
the Gleeble test, microstructural changes 
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occur; however, due to the fast tempera
ture changes, an equilibrium condition 
can not be reached (e.g., constitutional 
liquation is possible). The micro-
structural changes during the defor
mation cycle cannot unambiguously be 
differentiated from microstructural 
changes occurring before or after the 
tensile test. Rapid quenching methods 
would be required to prevent micro-
structural re-arrangements to occur 
during cooling after fracturing. 

3. In our tests, ultimate tensile 
strength and reduction of area data were 
recorded as a function of test tempera
ture. Attempts were made to determine 
yield stress, fracture stress, and fracture 
elongation. However, the accuracy of 
the recorded traces was not sufficient, 
the specimen gage length was only ill 
defined (due to the variation in tempera
ture), and furthermore the cross-head 
movement in the particular test equip
ment was dependent on the specimen 
strength. Therefore, true stress-strain 
curves, as required for detailed analysis 
of mechanical properties, could not be 
computed. 

4. The Gleeble test allows fast tensile 
testing even at temperatures above the 
solidus temperature. However, as shown 
by our experiments, great care has to be 
taken with on-cooling tests to prevent 
internal damage due to internal shrink
age stresses. For the same reason, data 
reported earlier on tests conducted at 
these temperatures should be evaluated 
with caution. 

5. Our studies of Inconel 600 in three 
different heat treated conditions re
vealed three characteristic temperature 
regions of hot-ductility and hot strength: 
Region I—where the ductility and 
strength decrease with increase in 
temperature; Region II—where the 
ductility rises and the strength decreases 
with test temperature; Region III— 
where the ductility and strength drop 
abruptly to unmeasurable small values. 

(a) Most of our tests were conducted 
in the temperature range above 
Region I and no significant observa
tions can be reported from this region. 
(b) The beginning of Region II (the 
ductility minimum) is strongly influ
enced by the initial microstructure. 
The ductility is determined by the 
competition between strengthening 
and softening processes occurring 
during the test. Previous investigators 
have attempted to correlate this 
ductility dip with a low resistance of 
the material to weld cracking. [Our 
studies indicate that this loss in duc
tility should be of minor concern in 
respect to heat-affected zone cracking, 
as long as the material has sufficient 
strength properties, i.e., strength 
above a critical value characteristic 
for a particular application. The 
microstructure in the high-tempera
ture portion of Region II is almost 
independent of the initial micro-
structure. The material performance 
is controlled by various softening 
processes. Our experiments indicate 
that dynamic recrystallization is the 
predominant softening mechanism in 
Inconel 600. 
(c) The severe loss of ductility and 
strength in Region III is related to 
partial melting which can occur con
siderably below the bulk melting 
temperature. Partial melting results 
from fast non-equilibrium heating 
and constitutional liquation of second 
phase particles or segregated regions. 
Our data indicate that the fall-off in 
reduction of area is related to incipient 
melting at grain boundaries, the dis
continuity in strength is related to a 
grain boundary film of o minimum 
critical thickness (^-3-10- A), and the 
zero-strength temperature is related 
to the presence of a molten volume 
fraction of a few percent. 
Typical microstructural observations 
on specimens heated to the tempera

ture of Region III include: the presence 
of serrated grain-boundaries (detected 
by TEM), terrace-like fracture surface 
topographies (detected by SEM), a 
change in fracture mode from ductile 
rupture (characteristic foi the high-
temperature portion of Region II) to 
intergranular parting, and a substruc
ture of a three-dimensional network of 
segregated impurities (detected by EMA) 
A model is presented relating these 
changes to the occurrence of partial 
liquation. 

6. A comparison of the microstruc
tures in actual welds and the micro-
structures in weld-simulated Gleeble 
samples reveals similarities, such as 
networks of segregated impurities and 
serrated grain boundaries. However, 
due to the differences in cooling condi
tions, the grain morphology in the 
partially liquated Gleeble sample is 
equiaxed, while a pronounced den
dritic grain shape is found in the weld 
samples. 

7. Our data support the existence of a 
relationship between partial liquation 
and intergranular parting, commonly 
referred to as hot cracking. Knowledge 
of values, such as the slope of the re
duction of area fall-off, the disconti
nuity in strength, and the zero-strength 
temperature may allow one to predict 
the properties of the partial liquated 
weld region and the weld performance 
of various alloys. 

8. In this investigation, the hot 
ductility properties of a "good" weld-
able alloy were studied. To reveal the 
significance of the critical parameters as 
listed in 7, further studies on "bad" 
weldable materials are required. 
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Appendix 

Beside the error in temperature 
measurement, the temperature differ
ence between sample inside and outside 
has to be considered, which according 
to Pisarenko39 is in the order of 20° F. 
The difference between center and sur
face of a cylindrical specimen can be 
calculated from equation: 

AT 
E?-r"-
~4Xp~ 

(6) 

where E is voltage drop over unit length, 
p is electrical resistivity, A is heat con
ductivity and r is the radius of the 
specimen. 

However, no differences between the 
fracture appearance of the center of the 
samples and the outer surface was 
detected. 

An additional temperature increase 
could also occur due to adiabatic 
heating, during tensile deformation, 
although this effect is still somewhat 
controversial.110 

From Stuwe's calculations,38 it is 
possible to obtain a rough estimate of 
the approximate temperature increase 
using: 

AT 
o-Y-Ap 

Cp-p 
1.95-(ry 

. / m m V C ™ A»Ur) (7) 

AT was calculated to be in the order of 
8° C (14° F) for a temperature of 1600° 
F, using for Cp and p the values of 
specific heat and density for Inconel 600 
at 1600° F,o-Y » 30 ksi (yield strength) 
(see Fig. 23A) and 

0.22 A « In 
Diameter RT 
Diameter (1600° F) ) • 

At higher test temperatures AT' will 
decrease further and, therefore, the 
adiabatic temperature increase may be 
neglected. 
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The purpose of this report is to bring together the information presently avail
able regarding the extent to which defects in aluminum alloy weldments alter their 
mechanical properties. The report is intended to serve as a basis for formulating 
research programs that will lead to code rules and safe and economical criteria for 
evaluating the suitability of aluminum weldments in particular service conditions. 

An extensive survey of the literature (covering some 600 papers) was con
ducted in preparation for the report. Among the reference sources were the Amer
ican and British welding journals, the Aluminum Association Technical Informa
tion Service, government contract reports, several company literature reviews, and 
International Institute of Welding documents. Telephone inquiries were made to 
about 15 plants and laboratories, and visits were made to the George C. Marshall 
Space Flight Center at Huntsville, the U.S. Army Tank Automotive Command in 
Detroit, the Chicago Bridge & Iron Company in Chicago, and the Alcoa Research 
Laboratories in New Kensington. 

The emphasis of the report is on the effects that various defects in aluminum 
allow butt weldments exert on their engineering mechanical properties, such as 
tensile strength, fatigue strength, and notch toughness. 

Recommendations of subjects for further research programs are presented. 
This report was prepared for the Aluminum Alloys Committee of the Welding 

Research Council. Bulletin 152 is available for sale at $1.00 per copy. Orders for 
single copies should be sent to the American Welding Society, 345 East 47th 
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