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ABSTRACT. Experiments designed to as- 
sess the fabrication and service weld- 
ability of 304B4A borated stainless steel 
were conducted. Welding procedures 
and parameters for manual gas tungsten 
arc (GTA) welding, autogenous electron 
beam (EB) welding and filler-added EB 
welding were developed and found to be 
similar to those for austenitic stainless 
steels. Following the procedure develop- 
ment, four test welds were produced and 
evaluated by microstructural analysis 
and Charpy impact testing. Further sam- 
ples were used for determination of the 
postweld heat treatment (PWHT) re- 
sponse of the welds. The fusion zone 
structure of welds in this alloy consists of 
primary austenite dendrites with an in- 
terdendritic eutectic-like austenite/ 
boride constituent. Welds also show an 
appreciable partially molten zone that 
consists of the austenite/boride eutectic 
surrounding unmelted austenite islands. 
The microstructure of the EB welds was 
substantially finer than that of the GTA 
welds, and boride coarsening was not 
observed in the solid state heat-affected 
zone (HAZ) of either weld type. The im- 
pact toughness of as-welded samples 
was found to be relatively poor, averag- 
ing less than 10 J (7.38 ft-lb) for both GTA 
and EB welds. For fusion zone notched 
GTA and EB samples and centerline 
notched EB samples, fracture generally 
occurred along the boundary between 
the partially molten and solid-state re- 
gions of the HAZ. The results of the 
PWHT study were very encouraging, 
with typical values of the impact energy 
for HAZ notched samples approaching 
40 J (29.5 ff-lb), or twice the minimum 
code-acceptable value. The PWHT re- 
sults in spheroidization of the boride 
such that the heat-treated welds have mi- 
crostructures and failure modes similar to 
the as-received material. A weld 
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process/PWHT combination that results 
in acceptable properties was identified, 
and the feasibility of joining these alloys 
was demonstrated. 

Introduction 

Borated stainless steels are austenitic 
stainless steels containing significant ad- 
ditions (0.20-2.25 wt-%) of natural or en- 
riched boron. These steels are used in the 
nuclear industry for neutron criticality 
control, spent fuel storage racks and 
transportation components. In essence, 
the neutron absorption of these steels re- 
sults from the presence of the '°B isotope, 
which is present as a dispersion of Cr2B- 
type precipitates. Although these steels 
can have favorable mechanical proper- 
ties (e.g., yield and tensile strength min- 
ima of 205 and 515 MPa (29.72 and 
74.67 ksi) and elongation minima rang- 
ing between 6 and 40%), they have pri- 
marily been used as simple strap-on neu- 
tron shielding materials rather than 
structural alloys. 

The borated stainless steels are cov- 
ered by ASTM Specification A887, which 
includes eight boron levels (Types) and 
two Grades per Type. For each of the 
eight Types, Specification A887 de- 
scribes two Grades, A and B, based on 
mechanical property requirements that 
differ primarily in ductility and impact 
energy minima. The microstructures of 
these steels essentially consist of a dis- 

KEY WORDS 

Borated Steel 
Borides 
Coarsening 
Eutectic 
Impact Toughness 
Spheroidization 
Thermal Analysis 
Weldability 

persion of nearly spherical boride pre- 
cipitates in an austenitic stainless steel 
matrix. In general, alloys processed to 
meet Grade A property requirements 
must have significantly smaller and more 
spherical borides. Although ASTM A887 
does not stipulate processing route, 
Grade B materials are generally 
processed by conventional ingot metal- 
lurgy-hot work, while Grade A properties 
have only been achieved by proprietary 
powder metallurgy ingot-hot work pro- 
cessing (Ref. 1 ). 

Applications for borated stainless 
steels have historically been limited to 
shielding applications where structural 
requirements are minimal or nonexistent. 
In these cases the alloys are typically 
used as bolt-on additions to a structural 
(usually stainless steel) framework. How- 
ever, the development of Grade A mate- 
rials has initiated interest in uses for these 
alloys where full advantage of their me- 
chanical properties can be taken. In such 
applications it is envisioned that Grade A 
steels can provide economic and tech- 
nological advantages since the alloys 
would address both the structural and 
neutron-shielding requirements within 
the same component. Historically, there 
have been two major impediments to re- 
alization of this concept: 1 ) borated stain- 
less steels have only recently been ac- 
cepted by the ASME Boiler and Pressure 
Vessel Code for structural use in Code 
construction and 2) many design con- 
cepts require welded fabrication. 

The welding behavior of these steels 
has not been extensively evaluated, al- 
though there have been some investiga- 
tions of the welding response of Grade B 
materials. Spalaris and Weyers (Ref. 2) 
discussed attempts to fabricate reactor 
components from conventional ingot 
processed 18Cr-12Ni-2B stainless steel. 
More recently, King and Wilkinson (Ref. 
3) evaluated the welding behavior and 
mechanical properties of 18Cr-10Ni-0.8B 
(essentially Grade B) steel and Harrison, 
et al. (Ref. 4), discussed the general fabri- 
cation characteristics of borated stainless 
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Table 1 - -  Alloy Compositions 

Element ASTM A 887 

B 1.00-1.24 
C 0.08 max 

Mn 2.00 max 
Si 0.75 max 
P 0.045 max 
S 0.030 max 
Cr 18.00-20.00 
Ni 12.00-15.00 
Mo 
Cu 
Co 
N 0.10 max 
O 
Fe bal 

steels. This work demonstrated that these 
alloys can readily be fabricated, and al- 
though the welds showed comparatively 
low Charpy impact toughness (on the 
order of 8 J (5.9 ft-lb)), full-scale box sec- 
tions had substantial resistance to fracture 
under impact loading conditions. Investi- 
gation of the hot cracking resistance of 
boron-modified Type 304 steels by Shin- 
oda, et al. (Ref. 5), indicated that the hot 
cracking resistance of these steels was 
reasonably high for boron levels above 
0.6 wt-%. In agreement with early work 
by Prozorovskii and Petrov (Ref. 6), and 
the observations of King and Wilkinson 
(Ref. 3), Shinoda, etal. (Ref. 5), found that 
the cracking resistance of the higher 
boron steels results from eutectic healing 
and that fabrication of these alloys should 
not be problematic. 

In an investigation of the behavior of 
Grade A alloys at temperatures associ- 
ated with welding, Robino and Cieslak 
(Ref. 7) used differential thermal analysis 
to determine the melting and solidifica- 
tion temperatures and observed that the 
alloys solidify as irregular eutectics in a 
manner similar to Fe-C and AI-Si alloys. 
Their results revealed a decreasing solid- 
ification temperature range as a function 
of the boron content [-~200°C (392°F) for 
a 0.2 wt-% B alloy down to =60°C 
(140°F) for a 1.5 wt-% B alloy]. The work 
also evaluated the effects of isothermal 
aging at temperatures near the solidus 
and showed that the impact toughness of 
these alloys was only moderately af- 
fected by these exposures. Quantitative 
metallography showed that the boride 
structure was remarkably resistant to 
coarsening. 

The purpose of the present work was 
to characterize the fabrication and ser- 
vice weldability of the 304B4 (1.00-1.24 
wt-% B) Grade A alloy. Of the borated 
grades, the B4A alloy is likely to be the 
most widely used and is representative of 
the general behavior of the alloys. A va- 
riety of processing methodologies was 

B4A(L) B4A(H) 

1.05 1.16 
0.038 0.049 
1.78 1.78 
0.57 0.57 
0.005 0.005 
0.003 0.003 

19.3 19.7 
13.4 13.7 
0.02 0.02 
0.08 0.08 
0.03 0.03 
0.006 0.006 
0.022 0.021 
bal bal 

evaluated as was the postweld heat treat- 
ment response. Process types included 
gas tungsten arc (GTA) and electron 
beam (EB) welding. GTA welding was se- 
lected, in part, because it is a typical fab- 
rication process for nuclear plant com- 
ponents and is widely available. EB 
welding was selected to provide infor- 
mation regarding the effects of high-en- 
ergy-density processing on the character- 
istics of the weld heat-affected zone. 
Selection of PWHT procedures was 
based on observations made during pre- 
vious isothermal aging studies (Ref. 7). 

Experimental  Procedures 

The compositions of the alloys used in 
this work are given in Table 1. Both alloys 
satisfy the composition and mechanical 
properties requirements of the ASTM 
A887 304B4 Grade A specification and 
represent boron levels at the high and 
low ends of the composition limits. The 
alloys were obtained in the form of 15.9 
mm (0.63-in.) thick plate. Prior to weld- 
ing, mill scale was removed by grinding 
in the vicinity of the joint, although this 
procedure did not remove the 304L pow- 
der metallurgy canning material. All 
welding was performed on the 15.9-mm- 
thick plate, and the welding direction 
was parallel to the plate rolling direction. 
Manual GTA welding was performed 
using the following procedure: 

Method: Manual GTA 
Shielding: Argon, 0.71 m~/h (2.32 ft'/h) 
Filler Metal: ER309L, 1.6 mm (0.06 
in.) diameter 
Electrode: 2.38-mm (0.09-in.) diame 
ter ceriated W 
Joint Configuration: 45-deg double 
bevel, 1.6-mm root opening 
Voltage: 15.5 V 
Current: 164 A 
Approximate Travel Speed: 5.5 mm/s 
(0.22 in./s) 
Number of Passes: 18 (9 per side) 

Interpass Temperature: 66°C (151 °F) 

The 45-deg "K" joint was used to pro- 
vide a fusion boundary perpendicular to 
the plate surface to facilitate Charpy im- 
pact testing of HAZ properties. Full-pen- 
etration autogenous EB welding was per- 
formed with a Leybold-Heraeus electron 
beam welding machine using the follow- 
ing conditions (bead on plate): 

Joint Type: Bead on plate 
Voltage: 150 kV 
Beam Current: 48 mA 
Travel Speed: 10.5 mm/s (0.42 in./s) 
Focus: Above plate surface 

Electron beam welds with filler metal 
were performed with a 1.5-mm (0.06-in.) 
thick 304L insert using either one or two 
passes. For welds made with two passes, 
one pass was made from either side of the 
plate with a maximum interpass temper- 
ature of 66°C. The conditions used were 

Joint Type: Square groove 
Filler Insert: 304L 
Voltage: 150 kV 
Beam Current: 48 mA 
Travel Speed: 9.3 mm/s (0.37 in./s) 
Focus: Above plate surface 

Differential thermal analysis (DTA) 
experiments were conducted to deter- 
mine the melting and solidification tem- 
peratures for the B4A(H) alloy and were 
performed using a Netsch STA 429 ther- 
mal analyzer. Tungsten was used as the 
reference material. Both the reference 
and samples were held in high-purity 
alumina crucibles during testing. All tests 
were run in a flowing helium atmosphere 
at heating and cooling rates of 0.33°C/s, 
and the peak temperature during testing 
was approximately 1500°C (2732°F). 
Previous experience (Ref. 8) with this 
equipment and procedures indicated 
that a reproducibility of approximately 
2°C (36°F) in measured temperatures 
could be expected. Interpretation of the 
DTA curves was conducted using the 
convention established by Maclssac, et 
al. (Ref. 9). 

Postweld heat treatments (PWHT) 
consisted of 4-h exposures at either 1150 
or 1200°C (2102 or 2192°F) or 24-h ex- 
posures at temperatures between 700 
and 1000°C (1292 and 1832°F). All 
PWHT experiments were performed in 
an argon atmosphere. Following welding 
or PWHT, the plates were sectioned for 
removal of metallographic and mechan- 
ical test samples. The mechanical test 
samples included Charpy impact sam- 
ples in the T-L orientation (long dimen- 
sion perpendicular to the rolling direc- 
tion). The impact test samples were 
notched along either the weld centerline 

12-S I JANUARY 1997 



or the macroscopic weld fusion line by 
blanking out oversized samples, 
macroetching with HCI plus 30% H202, 
and marking. The blanks were then fin- 
ish machined to the appropriate size and 
notched. Charpy impact tests were con- 
ducted using a calibrated Satech impact 
testing machine at room temperature in 
accordance with ASTM Specification 
E23. Impact energy and lateral expansion 
were recorded for each test. Scanning 
electron microscopy (SEM) was used for 
fracture surface analysis of selected sam- 
ples. For these evaluations an Amray 
1645 SEM operating at 20 kV in the sec- 
ondary electron imaging mode was used. 
As-received and postweld heat-treated 
samples were examined by optical met- 
allography. Sample preparation for the 
microstructural examinations included 
mounting and polishing though 0.05- 
mm colloidal silica using standard met- 
allographic procedures. Samples were 
etched using either Kalling's #1 (ASTM 
#95) or Murikami's (ASTM #98) for as-re- 
ceived or weld samples, respectively. 

A number of weld simulations were 
conducted to assess the mechanical prop- 
erties of the high-temperature HAZ. 
These simulations were performed on un- 
notched 304B4A (L and H) Charpy orien- 
tation in a Duffers Scientific Gleeble 1500 
weld thermal cycle simulator. The ther- 
mal cycle used for these exposures was 
calulated from the Gleeble HAZ software 
and corresponded to a heat input of 2.4 
kJ/mm (60 kJ/in.) on a 38 mm (1.52 in.) 
thick stainless steel plate with no preheat. 
The peak temperature for the dynamic 
heat treatments was 1214°C (2217°F) at 
the surface of the sample. This peak tem- 
perature allows for a temperature gradi- 
ent of approximately 10°C (18°F) through 
the sample thickness to achieve a peak 
temperature in the center of the bar of 
1225°C (2237°F), which is 25°C (77°F) 
below the alloy solidus. The Charpy sam- 
ples were subsequently notched and 
tested as described above. Both as-re- 
ceived and thermally cycled samples 
were tested in the L-T orientation. 

Results and Discussion 

Weld Macrostructures and 
Processing Observations 

The macrostructure of a multipass 
GTA weld is shown in Fig. 1. As shown, a 
reasonably planar fusion boundary per- 
pendicular to the plate surface was main- 
tained during welding (maximum varia- 
tion of approximately 1.3 mm (0.05 in.)) 
to facilitate Charpy impact testing of HAZ 
properties. The weld operator noted no 
unusual difficulty in producing the weld, 
although, relative to conventional stain- 
less steels, a somewhat more fluid weld 

pool was observed. This increased fluid- 
ity is probably the result of the high boron 
concentrations in the weld but did not ap- 
pear to have a significant influence on 
weld fabrication. A relatively large num- 
ber of weld passes were required to com- 
plete the joint and were the result of the 
selection of a comparatively low heat 
input in order to minimize dilution of 
boron into the weld fusion zone (FZ), as 
well as to minimize the width of the par- 
tially molten zone (PMZ). Some melting 
under the edge of the 304L can is ob- 
served near the surface of the plate (due 
to the higher solidus temperature of the 
304L relative to the borated alloy (Ref. 7)), 
although this did not appear to have any 
negative consequences. Thus, the weld 
fabricability of the borated stainless was 
found, in general, to be little different 
from typical austenitic stainless steels. 

The macrostructure of a single-pass 
autogenous EB weld is shown in Fig. 2. 
The weld was of the bead-on-plate type 
but is likely to be little different from that 
which would be obtained in an actual 
joint. The weld bead is approximately 3 
mm (0.12 in.) wide at its maximum and 
tapers to approximately 0.8 mm (0.3 in.) 
in the lower third of the cross section. For 
actual weld joints, the relatively narrow 
bead width at the bottom of the plate 
would require close control of joint fit- 
up. The narrow bead width is not excep- 
tionally restrictive, however, and could 
be increased by adjustment of weld 
process parameters. As with the GTA 
weld, some melting under the surface of 
the 304L can be observed, but again this 
is not thought to be detrimental to the 
joint. The autogenous EB weld was ob- 
served to contain significant porosity, 
which is typical of high-energy-density 
welding of powder metallurgy materials. 
In comparison to normal weld process- 
ing parameters used for austenitic stain- 
less steels, no significant processing ad- 
justments were required for the borated 
alloy (except for somewhat lower heat in- 
puts due to the lower melting tempera- 
tures of the borated alloy). Weld hot 
cracking was not observed in either par- 
tial- or full-penetration welds during the 
course of weld schedule development. 

The macrostructures of electron beam 
welds made with 304L filler metal inserts 
were similar to that for the autogenous EB 
welds--  Fig. 2. Although full penetration 
was easily achieved using a single pass, 
some difficulties were encountered with 
incomplete fusion in the lower quarter of 
the plate thickness. This problem appears 
to be the result of the much lower liq- 
uidus temperature of the borated steel 
relative to the 304L insert (1340°C vs. 
1470°C (2444°F vs. 2678°F), respec- 
tively (Ref. 7)) and was found to be diffi- 
cult to resolve. A number of processing 

" ~ .  . I 

Fig. 1 - -  Macros t ruc tu re  ()t mul t ipass GIA 
weld. 

variations, including thinner inserts, 
slower travel speeds, beam defocusing 
and beam oscillation were evaluated, but 
these were unsuccessful in completely 
eliminating the incomplete fusion. Be- 
cause of time constraints, further efforts 
at eliminating this problem were aban- 
doned and test samples were removed 
only from regions of the weld where in- 
complete fusion was not present. In ad- 
dition, the two-pass welds were fabri- 
cated to provide test welds free from 
incomplete fusion defects. Clearly, the 
difficulty encountered in producing de- 
fect-free single-pass welds with inserts is 
a significant practical problem. How- 
ever, it is believed that single-pass welds 
with filler inserts, especially in thinner 
sections, could be produced given time 
and resources for a more complete 
process development study. The two- 
pass weld, though useful for providing 
weld mechanical properties data, is only 

it 
¥ 

~ 3 m m  

Fig. 2 - -  Ma(  r~)structur{' ()f au to~,n( )u>  EH 
weld. 
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Fig. 3 - -  Fusion l ine 
304B4A(H) GTA weld. 

microstructure o f  

of limited utility in a practical sense be- 
cause most component designs are likely 
to restrict access to one side of the joint. 

As-Welded Microstructures 
A typical microstructure of the GTA 

weld in the vicinity of the fusion line is 
shown in Fig. 3. The micrograph was 
taken near the quarter section of the plate 
thickness and consists of three distinct re- 
gions: the fusion zone (FZ), upper left of 
figure; partially molten zone (PMZ), 
lower left to upper right diagonal; and the 
solid-state heat-affected zone (SSHAZ), 
lower right of figure. The evolution of the 
microstructural features in Fig. 3 can be 

Exotherm 

} 
Endotherm 

Increasing Temperature i ~1 I 1 
~ 277°C/1246°C 

1340°C 
1327°C 

I =', Decreasing Temperature 

1250°C 

quantitatively interpreted with reference 
to the DTA thermogram for this alloy 
shown in Fig. 4. On heating, liquation ini- 
tiates at 1250°C (2282°F) and proceeds 
by reaction of the spherical borides with 
the surrounding austenite to form a liquid 
with near-eutectic composition. This 
process continues to 1290°C (2354°F), at 
which point liquation of the boride is es- 
sentially complete and only austenite re- 
mains unmelted. Upon further heating 
the remaining austenite commences 
melting at 1327°C (2420°F) and contin- 
ues until the alloy is fully liquid at 
1340°C. During the cooling portion of the 
DTA thermal cycle, solidification initiates 
at 1277°C (2330°F) (at a level of under- 
cooling that is not present in welds) with 
the formation of primary austenite den- 
drites (first peak on cooling). At 1246°C 
(2274°F) the formation of the eutectic-like 
boride/austenite constituent is initiated 
and is essentially complete at 1232°C 
(2259°F). It is important to note that since 
this alloy has a large number of elemen- 
tal components, there is no requirement 
that the eutectic constituent solidify at an 
invariant temperature. Thus, the FZ of Fig. 
3 is a solidification microstructure that 
consists of primary austenite dendrites 
with a boride/austenite eutectic-like con- 
stituent in the interdendritic regions. The 
eutectic constituent is of the faceted/non- 

faceted or irregular 
type in which the 

1274o0 boride is based on 
/1232oC the Cr2B structure 

(Ref. 7) and is mor- 
phologically similar 
to that observed in 
Fe-C and AI-Si alloys. 
The PMZ of Fig. 3 
consists of localized 
regions of austenite 
that remain solid dur- 
ing welding, sur- 
rounded by an irreg- 
ular boride/austenite 
eutectic similar to 

k_. - - ,  that within the FZ. 
For the GTA weld pa- 
rameters used, the 
width of the PMZ in 
the GTA weld is ap- 
proximately 85 mm 
(3.4 in.). The SSHAZ 
consists of base 
metal heated to tem- 
peratures near the 
solidus, and the mi- 
crostructure of this 
region appears es- 
sentially unchanged 
by the weld thermal 
cycle. The stability of 
the borides in this 
alloy is discussed fur- 
ther in the section en- 

1290°0 / 304B4A(H) 

Fig. 4 - -  DTA thermogram from the 304B4A(H) alloy. 

titled microstructure. 
Figure 5 shows the FZ microstructure 

in the root and final stringer bead passes. 
As might be expected, the root pass 
shows a substantially higher fraction of 
the eutectic constituent (eutectic frac- 
tions are approximately 0.41 and 0.20 for 
the root and final passes, respectively), 
although the amount of eutectic is rela- 
tively high throughout the weld. The 
work of Shinoda, et al. (Ref. 5), indicated 
that the maximum hot cracking suscepti- 
bil i ty for 18Cr-10Ni steels occurs at 
boron levels near 0.2 wt-% B and drops 
to near zero at levels near 0.6 wt-%. On 
the basis of these measurements, the con- 
cepts described by Borland (Refs. 10, 11 ), 
and the observations of Prozorovskii and 
Petrov (Ref. 6), Shinoda, eta l .  (Ref. 5), de- 
termined that boron levels above ap- 
proximately 0.5-0.6 wt-% are sufficient 
to result in eutectic healing and minimal 
hot cracking susceptibility. For a 18Cr- 
10Ni borated steel, King and Wilkinson 
(Ref. 3) found that eutectic healing could 
be observed at boron levels as low as 
0.35 wt-%. 

Estimation of the boron content for the 
present welds can be based on the frac- 
tion eutectic and consideration of the ap- 
proximate phase diagrams developed 
previously (Ref. 7). In that work it was 
seen that compositions near that for 
304B6A (1.7 wt-% B) solidify essentially 
completely as eutectic. Since there is lit- 
tle solid solubility for boron in these 
steels (Ref. 12), a simple phase diagram 
estimate can be made for the areas 
shown in Fig. 5. These estimates indicate 
that the composition of the root pass is on 
the order of 0.70 wt-% B while that of the 
final pass is approximately 0.34 wt-% B. 
The latter value is similar to that given by 
King and Wilkinson (Ref. 3) so it is con- 
ceivable that dilution levels in the pre- 
sent GTA welds are approaching those 
where hot cracking susceptibility may 
become important. The boron estimates 
are substantially below those recom- 
mended by Shinoda, et al. (Ref. 5), but it 
is important to recognize that their results 
were for a steel with substantially higher 
phosphorus and sulfur contents and were 
based on Varestriant measurements. 
Nevertheless, for the present weld sched- 
ule, plate thickness and joint restraint, 
the boron dilution in the final pass was 
sufficient to maintain effective resistance 
to hot cracking. However, the potential 
for low boron levels in the final passes of 
thick-section welds clearly exists and 
must be considered during weld sched- 
ule development for these steels. 

Two other regions of the GTA weld are 
of interest and are shown in Fig. 6. Figure 
6A shows the fusion line microstructure 
at the junction of two weld passes (re- 
heated HAZ). The dual thermal cycling of 
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this region does not appear to result in 
any unusual features and is essentially in- 
distinguishable from the PMZ of a single 
pass. Similarly, all-weld-metal HAZ areas 
(PMZ regions in weld metal of previous 
passes, right side of Fig. 6A) are indistin- 
guishable from typical FZ structures. The 
microstructure in the vicinity of the 304L 
can material (Fig. 6B) shows that al- 
though the base metal melts back a sig- 
nificant distance under the can, no sepa- 
rations or other defects are apparent 
within this region, and complete wetting 
of the interior surface of the can by the 
borated stainless steel is observed. As a 
result, it does not appear that the canning 
material requires removal prior to weld- 
ing. Clearly, this is advantageous in terms 
of fabricability and cost. 

The fusion line microstructure of the 
autogenous EB weld near the center of 
the plate is shown in Fig. 7. In general, 
the feature sizes of the EB weld are sub- 
stantially finer than those of comparable 
structures in the GTA weld. For example, 
the width of the PMZ in the EB weld is 
approximately 30-40 ~m (0.001 N_ 0.002 
in.) (compared with 85 IJ.m (0.003 in.) for 
the GTA weld). It is important to note, 
however, that the width of the PMZ varies 
across the thickness of the plate and is 
generally narrower than that shown in 
Fig. 7 near the bottom of the weld and 
wider near the top. This variation in PMZ 
width is a consequence of the fluid flow 
characteristics and slower cooling rates 
near the top of EB welds of this geometry. 
The FZ structure of the EB weld is shown 
in Fig. 8. As with the GTA weld, the struc- 
ture consists of austenite dendrites and 
interdendritic eutectic, although the 
quantity of eutectic is higher since there 
is no dilution in the EB weld. Further, the 
average dendrite spacing is smaller for 
the EB welds (by a factor of approxi- 
mately two) because of the higher cool- 
ing rates associated with the high-energy- 
density process, although the dendrite 
spacing within the EB welds also varies 
from the top to bottom of the weld. No 
hot cracking was observed in the auto- 
genous EB welds (fusion zone boron con- 
tent 1.16 wt-%), and this is consistent 
with the eutectic healing mechanism dis- 

Table 2 - -  Impact Results 

f . %  ---- 

Fig. 5 - -  Fusion zone microstructure o f  304B4A(H) GTA weld. A - -  Root pass; B - -  f inal pass. 

I 

1 

A " , 

Fig. 6 - -  Microstructures in 304BaA(H) GTA weld. A - -  A t  junct ion o f  two passes along fusion 
l ine; B - -  near surface o f  weld at 304L can. 

cussed above. The observation is also 
consistent with the size of the eutectic so- 
lidification peak in the DTA thermogram 
of Fig. 4, which is indicative of a sub- 
stantial amount of that constituent. As 
might be expected, the microstructures 
of the EB welds with filler were essen- 
tially the same as those shown in Figs. 7 
and 8, although less eutectic was present 
in the fusion zone. 

As-Welded Impact Behavior 

Charpy impact values for as-welded 
GTA and EB welds are summarized in 
Table 2. The impact values for fusion line 
notched samples are below 10 J, and lat- 
eral expansions are on the order of 0.15 
mm (0.006 in.). These values are much 
less than the 20 J (14.75 ft-lb) and 0.38 
mm (0.015 in.) required for acceptance 
by the ASME B o i l e r  a n d  Pressure Vessel 

Code. Although the EB welding process 
results in finer microstructural features 

for As-Welded B4A(H) Samples 

Notch Average Impact Average Lateral 
Weld Location Energy, J (ft-lb) Expansion, mm (inch) 

GTA fusion line 6.6 (4.9) 0.13 (0.005) (a) 
EB (autogenous) fusion line 8.9 (6.6) 0.13 (0.005) (a) 
EB (autogenous) centerline 6.9 (5.1) 0.13 (0.005) (a) 
EB (single pass) fusion line 9.5 (7.0) 0.18 (0.007) 
EB (single pass) centerline 25.6 (18.9) 0.43 (0.017) 
EB (double pass) fusion line 8.3 (6.1) 0.15 (0.006) 
EB (double pass) centerline 25.9 (19.1 ) 0.51 (0.020) 

a Estimated values 

than the GTA process, only marginal im- 
provements in fusion line impact values 
are observed. Centerline impact values 
for the EB welds with filler metal exceed 
Code requirements by a small amount. 
However, this observation is of limited 

Fig. 7 - -  Fusion l ine microstructure o f  autoge- 
nous 304B4A(H) EB weld. 

Fig. 8 - -  Fusion zone microstructure o f  auto- 
genous 304B4A(H) EB weld. 
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Table 3 - -  Charpy Impact Results for Dynamically Heat Treated 304B4A (L and H) 

Impact Energy 
Alloy Condition (a) J (ft-lb) 

B4A(L) As-Received 62.6 (46.2) 
62.1 (45.8) 
61.7 (45.5) 

B4A(L) 1225°C Peak 63.5 (46.8) 
61.0 (45.0) 
62.9 (46.4) 

B4A(H) As-Received 54.8 (40.4) 
54.2 (40.0) 
54.5 (4O.2) 

B4A(H) 1225°C Peak 52.6 (38.8) 
54.2 (4O.0) 

a Thermal cycle corresponds to a heat input of 2.4 kJ/mm in 38-ram-thick stainless steel plate. 

Average Lateral Expansion Average 
J (ft-lb) mm (in.) mm (in.) 

1.19 (O.047) 
1.22 (0.048) 

62.1 (45.8) 1.22 (0.048) 1.22 (0.048) 
1.17 (0.046) 
1.32 (0.052) 

62.5 (46.1) 1.35 (0.053) 1.27 (0.050) 
1.07 (0.042) 
1.14 (O.O45) 

54.5 (40.2) 1.12 (0.044) 1.12 (0.044) 
1.04 (0.041 ) 

53.4 (39.4) 1.14 (0.045) 1.09 (0.043) 

i 
i ̧ I 

Fig. 9 -  Cross sections of fusion line notched GTA weld impact sample. A - -  Low magnification 
image; B - -  near midsection of impact sample. 

significance because both centerline and 
fusion line impact toughness must ex- 
ceed the required minimum. Figure 9 
shows cross sections of a fusion line 
notched Charpy impact sample. Fracture 
in this sample proceeded almost entirely 
along the outboard edge of the PMZ (i.e., 
along the interface between the PMZ and 
SSHAZ). To more fully evaluate this be- 
havior, several weld thermal cycle simu- 
lations were conducted on the 304B4A 
alloys. The thermal cycle used for these 
tests was selected to be representative of 
typical GTA welding practice at low heat 
input. The peak temperature of 1225°C 
corresponds to 25°C below the 304B4A 
solidus and is therefore representative of 
regions very close to the PMZ/SSHAZ 
boundary, but within the SSHAZ. The mi- 

crostructures of the samples following 
the simulations were essentially identical 
to those observed in the as-received ma- 
terial. Table 3 summarizes the results of 
Charpy impact tests for these samples. 
Both the B4A(L) and B4A(H) alloys show 
no significant degradation in impact be- 
havior following the simulation thermal 
cycling. These impact values are consis- 
tent with long-term isothermal aging 
studies (Ref. 7) indicating that the boride 
structure is comparatively stable at tem- 
peratures approaching the solidus. Thus, 
in actual welds the interface between the 
PMZ and the SSHAZ is an interface be- 
tween the comparatively high toughness 
SSHAZ and the very low toughness so- 
lidification microstructure in the PMZ. 
This interface essentially constitutes a 

Fig. 10 - -  Fracture surface of fusion line notched GTA weld impact sample. 

strength and ductility discontinuity in the 
weld microstructure, so that the observa- 
tion that fracture proceeds along the edge 
of the PMZ (Fig. 9) is not unexpected. 
Such a microstructural discontinuity is 
analogous to the stress concentration that 
results from sharp changes in section 
thickness and has the net effect of local- 
izing the fracture path. Fractography of 
fusion line notched GTA impact samples 
(Fig. 10) shows very angular features that 
are indicative of the irregular eutectic 
structure, limited ductility and low im- 
pact energies. 

Cross sections of a fractured EB fusion 
line notched impact sample (Fig. 11) are 
similar to those observed for the GTA 
weld. As shown, the fracture in fusion 
line notched samples generally follows 
the interface between the PMZ and 
SSHAZ, although the fracture path in au- 
togenous EB weld samples occasionally 
includes the FZ as well. Fracture in the EB 
welds with filler occurred almost entirely 
along the PMZ/SSHAZ interface. This dif- 
ference in the behavior of the autogenous 
EB weld is the result of the higher boron 
content of the autogenous EB weld rela- 
tive to the GTA or EB welds with filler 
metal. In general, the fracture surface 
morphology of the EB welds displayed an 
angular appearance similar to that shown 
in Fig. 10. However, for the autogenous 
EB welds, small differences between the 
appearance of fracture in the FZ and 
along the PMZ/SSHAZ boundary were 
evident. These differences, though not 
significant from the standpoint of impact 
energy, result from the differences in the 
morphology of the austenite in the two 
weld zones (i.e., dendritic austenite vs. 
austenite islands). Fracture of centerline 
notched EB impact samples (Fig. 12) typ- 
ically proceeds outward toward the fu- 
sion line and remains there. Some vari- 
ability was noted in the percentage of 
fracture that occurred in the FZ relative 
to the amount along the PMZ/SSHAZ 
boundary, and this is reflected in the vari- 
ability of the impact energy values for the 
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centerline notched samples. 
As noted above, there is only a mar- 

ginal absolute increase in the fusion line 
impact toughness for the EB process rel- 
ative to GTA welding and, therefore, the 
advantages afforded by high-energy-den- 
sity processing are minimal. Thus, weld 
cooling rates have only a minimal effect 
on the impact toughness. There are two 
principal reasons for this response. First, 
the change in PMZ width and FZ dendrite 
spacing was significant but not over- 
whelming. Second, the impact toughness 
is dominated by the boride distribution in 
the weld region rather than its scale. Con- 
sidering the effect of scale first, a very 
rudimentary assessment of the data of 
Table 2, along with Figs. 3 and 7 indi- 
cates that a factor of two refinement of 
the microstructural features results in ap- 
proximately a one-third increase in frac- 
ture energy (disregarding the scatter as- 
sociated with HAZ impact testing). 
Assuming this inverse relationship holds, 
the GTA solidification microstructure 
would need to be refined by a factor on 
the order of 16 to achieve impact ener- 
gies sufficient for Code applications. 
Clearly, refinement of this magnitude 
would be difficult or impossible to 
achieve in any realistic fabrication envi- 
ronment. Although the above correlation 
is comparatively crude, a more realistic 
model of the microstructure/toughness 
relationship (e.g., toughness vs. dendrite 
spacing), if such a model were available, 
would undoubtedly result in the same 
conclusion. 

Of greater importance is the distribu- 
tion of boride phase within the weld 
zone. As has been discussed, the eutec- 
tic-like constituent in this system is of the 
irregular (nonfaceted/faceted) type (Ref. 
13) in which the Cr2B boride is the 
faceted phase. This eutectic is distributed 
differently in the two weld regions; i.e., 
in the interdendritic regions of the FZ and 
surrounding the unmelted austenite of 
the PMZ, but in both cases it is a contin- 
uous constituent within that region. Fur- 
ther, although it is not readily apparent in 
the two-dimensional microstructures, the 
boride phase within the eutectic con- 
stituent is interconnected and continuous 
in the same way that the silicon in AI-Si 
eutectic is continuous (Ref. 14). Thus, the 
boride phase is present as a continuous 
brittle angular phase in both the FZ and 
PMZ regions of the weld. Clearly, the 
presence of such a microstructural fea- 
ture is likely to dominate the impact re- 
sponse, and this is illustrated by the im- 
pact energy values of Table 2 and the 
electron micrographs of Fig. 10. 

Postweld Heat Treatment - -  Microstructure 

Because of the poor impact results for 

Fig. 11 - -  Cross sections t~t tusi~n line notched autogenous EB weld impact sample. A - -  Low 
magnif icat ion image; B - -  near midsection o f  impact sample. 

as-welded samples, experiments de- 
signed to determine the effects of PWHT 
were conducted. In this context it is im- 
portant to note that typical structural 
weld PWHT schedules generally provide 
only stress relief and minor microstruc- 
tural changes. Since the reductions in mi- 
crostructural feature sizes afforded by the 
high-energy-density processing were in- 
sufficient to result in acceptable proper- 
ties; however, it was apparent that sub- 
stantial modification of the 
microstructure was required. Two basic 
microstructural modifications were 
therefore envisioned for the PWHT study. 
These modifications were spheroidiza- 
tion of the eutectic boride and reduction 
of the boron concentration in the PMZ by 
diffusion into the FZ (for GTA and EB 
welds with filler metal). Of course, it was 
also of paramount importance that the 
properties of the base metal not be de- 
graded by the postweld heat treatments. 

Few models of spheroidization kinet- 
ics are available in the literature, and 
those that are available are primarily ap- 
plicable to regular microstructures such 
as pearlite (Refs. 15, 16) or AI-AI2Cu (Ref. 
17), which are topologically simpler than 
irregular eutectics. However, it is clear 
from these models that the spheroidiza- 
tion process is closely related to particle 
coarsening, so that knowledge of particle 
coarsening kinetics can provide a means 
to assess the likely spheroidization be- 
havior. The kinetics of boride coarsening 
in this alloy system have been discussed 
in detail by Robino and Cieslak (Ref. 7), 
but it is appropriate to review some of the 
results of that work here. In the coarsen- 
ing studies, samples of the 304B4A(H) 
alloy were isothermally aged at tempera- 
tures near the solidus for times up to 4 h. 
Quantitative image analysis was then 
used to determine particle area for a large 
number of particles in each sample. 
These area measurements were con- 
verted to equivalent circle sizes using the 
relation 

R( EC) = ( A / n:) 1/2 
(1) 

where RCEc~ is the equivalent circle radius 
and A is the cross-sectional area of the 
particle. In some cases, the equivalent 
circle radius distributions (a 2-D quan- 
tity) were converted to equivalent sphere 
radius, R(ES), distributions (a 3-D quan- 
tity) using the methodology described by 
Russ (Ref. 18). The means of the R(ES) dis- 
tributions were determined by numerical 
integration and were used as a basic 
measure of particle size. 

Modern particle coarsening theory 
has been recently reviewed by Voorhees 
(Ref. 19) and includes the following fea- 
tures that are pertinent to the present dis- 
cussion. The classical theory describing 
coarsening was developed by Lifshitz 
and Slyozov (Ref. 20) and Wagner (Ref. 
21 ) (LSW), and modern theories based on 
statistical mechanical calculations have 
been developed by a number of investi- 
gators (Refs. 19, 22-26). The LSW theory 
is strictly valid only for the case of infi- 
nitely separated noninteracting spherical 
particles (i.e., zero volume fraction), 
while the modern theories consider the 
effect of volume fraction. The theoretical 
approaches predict that the asymptotic 
state of the system is independent of the 
initial conditions and that the particle ra- 
dius distribution is self-similar when 
scaled by the average particle radius. Ir- 
respective of volume fraction, all of the 
coarsening theories predict that, pro- 
vided the system has reached the asymp- 
totic distribution, the coarsening rate has 
the form 

Fig. 12 - -  Cross section o f  cenlerlin¢, notched 
autogenous EB weld impact sample showing 
the crack path. 
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Fig. 13 - -  Particle size (equivalent circle) distributions for B4A(H) alloy aged at 1225°C. The histograms are shown as a function of  A) particle ra- 
dius and B) scaled particle radius, R/R. The histograms are presented in terms of  the relative probabil i ty (Ref. 28) 

hi = N i 100 
NT ( Ri - Ri_l ) 

where N~ is the number o f  particles between R~ and R~_~ and Nr is the total number o f  particles. The curve fits shown for each distribution are based 
on an attenuated log normal distribution of  the form 

• ) A ex F-(Inp-/j)2 l F - , . l  

where p is R or R/R, Pm,x is an attenuation cutoff value, Y is a fit attenuation strength, ~ and la are the fit distribution moments and A is a fit constant. 

R3(t) = R3(0)+ Kt (2) 

where R~(t) is the average particle radius 
at time t, Re(0) is the average initial parti- 
cle radius when the system is in the as- 
ymptotic state, and K is a rate constant. 
Although the theories developed for non- 
zero volume fractions predict a t '/3 de- 
pendence for the coarsening rate, they 
generally also predict that the rate con- 
stant increases with increasing volume 
fraction. For a system of solid particles in 
a solid matrix, K typically has the form 
(Ref. 27) 

K =  8 DGVmC=(°°) f (@) 
9 R T  (3) 
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Fig. 14 - -  Time dependence of  boride coarsening for B4A(H) al loy 
aged at 1225°C. 

where D is the diffusivity, Vm is the molar 
volume of the precipitate, C,,(oo) is the 
equilibrium solubility of the solute, R is 
the gas constant, T is temperature, ¢ is the 
volume fraction and J(~) is a function 
that depends on the assumptions of the 
particular theory• In the case of the LSW 
theory,/(¢) is unity. 

Figure 13 compares the raw and 
scaled R(Ec J distributions for the B4A(H) 
alloy aged at 1225°C. Qualitatively, the 
shapes of the distributions in Fig. 13A are 
similar to those given by Hardy and 
Voorhees (Ref. 28) for a solid-liquid 
coarsening system and follow the ex- 
pected trend of increasing mean particle 
size with increasing aging time. Scaling of 

the distributions by the 
average particle radius, 
Fig. 13B, shows that 
within the precision of 
the measurements, the 
distributions are essen- 
tially indistinguishable. 

The similarity of the 
scaled particle radius 
distributions indicates 
that it is reasonable to 
assess the data in terms 
of existing coarsening 
theory. Figure 14 shows 
the time dependence for 
coarsening in the 
B4A(H) alloy in terms of 
the cube of the mean 
particle radius. If it is as- 
sumed that the as-re- 
ceived mean particle 

size represents the initial particle size for 
the system in the asymptotic state, the 
data can be described by a linear fit 
forced through the initial particle size. 
Such a fit is shown in Fig. 14 and can be 
represented by an expression of the form 

R3(t) = 0.258 + 0.182t 

( R in lain, t in hour) (4) 

with a correlation coefficient of 0.992. 
Clearly, the coarsening rate in this system 
is slow even at very high temperatures. 

The temperature dependence of 
boride coarsening is shown in Fig. 15 for 
4-h annealing of B4A(H). The coarsening 
data can be represented by an expression 
of the type given in Equation 3 (assuming 
a simple D = D0exp(-Q/RT) form for the 
temperature dependence of the diffusiv- 
ity term and that f(~) and the other ma- 
terials parameters are constant over the 
temperature range examined). Figure 15 
shows fits of this type using published 
values (Refs. 29, 30) for the chemical dif- 
fusivity of B and Cr in austenite. As might 
be expected from the strong temperature 
dependence and the differences in diffu- 
sion rates of substitutional vs. interstitial 
elements, the curve fits suggest that the 
coarsening rate is dominated by the dif- 
fusion of Cr. 

Consider now the spheroidization 
model developed by Ho and Weatherly 
(Refs. 16, 17), which is based upon triple 
point migration in the spheroidizing 
phase. In this model the position of a 
triple point moving by volume diffusion 
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is given by 

Yo = - 0 . 8 6 m (  A " t ) ~/3 
(5) 

where Yo is the position of the triple 
point, m is the slope of the lamellar in- 
terface at the triple junction, A' = 
DoV~C~(oo)/RT and t is the time. Com- 
paring Equations 3 and 5 shows that A' 
and K differ only by the factors 8/9 and 
f(0) (note that there is also a difference in 
the Vm term that arises from differing as- 
sumptions regarding the molar volume of 
the precipitate vs. that of the matrix in the 
two formulations). For the present analy- 
sis these terms can be disregarded, so that 
A' may be taken as equivalent to the K de- 
termined from the coarsening experi- 
ments (0.182 pm~/h at 1225°C). Unfortu- 
nately, the model of Ho and Weatherly 
(Refs. 16, 17) requires estimation of two 
further terms, namely, the distance that a 
triple point must move before pinch off 
of the plate and the slope of the interface 
at the triple junction. For regular eutectic 
and eutectoid microstructures, the dis- 
tance the triple point must move can rea- 
sonably be taken as one-half the average 
lamellar thickness (assuming the lamellar 
pinches off from both sides). However, 
estimating this distance for faceted eu- 
tectics, which must adjust their spacing 
by branching at specific angles (Ref. 13), 
is extremely difficult, particularly for the 
fine scale weld microstructure such as 
shown in Fig. 5. Assigning a value to the 
slope of the triple point junction is also 
very tenuous because, here again, the 
faceted nature of the boride places com- 
plex constraints on the junction in its 
early stages of formation. Finally, the re- 
lationship between the degree of spher- 
oidization and the macroscopic me- 
chanical properties is not known. 
Clearly, simple pinch off of the eutectic 
plate does not seem sufficient to provide 
useful local ductility, since the separating 
halves of the plate would still be very 
near one another. 

In spite of the above difficulties, at- 
tempts were made to estimate the spher- 
oidization time as a function of temper- 
ature (by using A' values derived from 
Fig. 15 and Cr diffusion control) for a 
range of assumed values for Y0 and m. As 
might be expected from the form of 
Equation 5, these estimates varied 
widely depending on the particular as- 
sumptions. For example, at 1000°C 
(1832°F), Y0 = 0.1 IJ, m and m = 0.25 (in- 
cluded angle in the pinch off of =150°), 
the spheroidization time is estimated to 
be approximately 14 h. At 700°C, Y0 = 
0.1 pm and m = 2 (included angle in the 
pinch off of =50 deg), spheroidization 
can be expected to occur in a time frame 
on the order of 36 h. In any case, most 
reasonable values for Y0 and m require 

comparatively long heat treat- 
ment times at temperatures 
below 900-1000°C 
(1652-1832°F), while esti- 
mates for heat treatments in 
the temperature range of ~" 
1100-1200°C (2012-2192°F) ~" 
yielded acceptable times for 
all reasonable values of the ~: 
parameters. Therefore, only 
the highest PWHT tempera- 
tures were selected for evalu- 
ation on all three weld types. 
Further, because only limited 
confidence could be placed in 
the estimates, the PWHT 
study also considered the re- 
sults of previous work (Ref. 7), 
which indicated that expo- 
sures to temperatures near the 
solidus had only a moderate 
effect on the base metal impact energies. 

The temperatures chosen for these 
evaluations were 1150 and 1200°C and 
correspond to 50 and 100°C (122 and 
212°F) below the B4A(H) solidus. A 
PWHT time of 4 h was used. In addition, 
because some of the estimates indicated 
that spheroidization might be expected 
for time frames on the order of one day 
in the temperature range 700-1000°C, 
samples of autogenous EB welds were 
postweld heat treated for 24 h at temper- 
atures in this range. Metallographic 
analysis of these samples was then used 
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Fig. 15 - -  Temperature dependence o f  bor ide coarsening for 
B4A(H) al loy aged at 1225°C for 4 h. Curve fits are based on 
Equation 3 and publ ished data for the chemical  diffusivity 
o f  B (Ref. 29) and Cr (Ref. 30) in austenite. 

to select heat treatments for evaluation 
by Charpy impact testing. 

The microstructure of the fusion line 
of a GTA weld following PWHT at 
1150°C for 4 h is shown in Fig. 16A and 
can be compared directly with Fig. 3. 
Spheroidization of the boride eutectic in 
both the FZ and PMZ regions of the weld 
is apparent, and the boundaries of the 
PMZ are difficult to discern. In addition, 
the borides within the FZ, though some- 
what less homogeneously distributed, 
are comparable in size to those in the 
base metal. The microstructures of sam- 

. .  : / : :  ; . ' ¢  . "m,'; 
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Fig. 16 - -  Microstructures o f  GTA weld fo l lowing P W H T  at 1150°C for 4 h. A - -  Fusion line; B 
- -  fusion zone. 
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Fig. 17 - -  Base metal  microstructures. A - -  As-welded; B - -  fo l lowing PWHT at 1150°C for 4 h. 
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Fig. 18 - -M ic ros t ruc tu res  o f  a utogenous EB welds fo l lowing PWHT at 1150°C for 4 h. A - -  Fu- 

sion l ine; B - -  fusion zone. 

pies receiving the 1200°C PWHT were 
essentially identical to those shown for 
the 1150°C heat treatment, although, in 
general, the borides in the 1200°C sam- 
ples appeared slightly larger. Figure 16B 
illustrates the general appearance of the 
weld FZ for GTA welds receiving the 
1150°C (and 1200°C) PWHT. Although 
the dendritic structure of the austenite re- 
mains visible (as outlined by the borides), 
the boride eutectic itself is spheroidized. 
The visibility of the dendritic structure is 
interesting and is a consequence of the 
fact that the borides do not substantially 
dissolve even at temperatures near the 
solidius (i.e., the borides are an equilib- 
rium phase in these alloys at all temper- 
atures below the solidus). Although the 
structure is spheroidized, it is not fully 
homogenized; even over length scales 
corresponding to the dendrite spacing. 

Therefore, the potential mechanism of 
reducing the boride fraction in the PMZ 
by diffusion of boron into the FZ (in the 
case of 309L and 304L filler metal welds) 
does not appear feasible for these times 
and temperatures. 

Figure 17 compares the base metal 
microstructures for as-welded and 
PWHT samples. As expected from the re- 
sults of previous work (Ref. 7), the 
borides are moderately coarsened fol- 
lowing heat treatment (mean equivalent 
sphere radius 0.773 ~m vs. 0.634 I~m 
(3.0 x 10- N5 in. vs. 2.5 x 10--NSin.). The re- 
sponse of the electron beam welds to 
PWHT is similar to that for the GTA 
welds. Figure 18 shows the microstruc- 
tures in the fusion line region and FZ of 
an autogenous EB weld heat treated at 
1150°C and can be compared directly 
with Figs. 7 and 8. For the EB weld, the 
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Fig. 19 - -  Microstructures o f  autogenous EB weld fusion zone fo l lowing PWHT for 24 h. A - -  
700°C (1292°F); B - -  800°C (1472°/:); C - -  900°C (1652°1:); D - -  1000°C (1832°1:). 

fusion line is again difficult to discern 
(Fig. 18A), and the dendritic structure in 
the weld FZ remains after heat treatment 
- -  Fig. 18B. The microstructures of EB 
welds with filler metal were similar to 
those in Fig. 18, although, as would be 
expected, the quantity of eutectic in the 
FZ was substantially reduced relative to 
that shown in Fig. 18B. 

The fusion zone microstructures of 
autogenous EB welds postweld heat 
treated for 24 h at temperatures in the 
range of 700-1000°C are shown in Fig. 
19. These microstructures illustrate 
clearly the progression of spheroidiza- 
tion in the 304B4A welds and indicate 
that for the 24-h heat treatment time lit- 
tle or no spheroidization occurs at 700°C 
while the degree of spheroidization at 
800°C is marginal. Following treatment 
at 900°C, the eutectic boride appears 
substantially fragmented, although the 
boride size is substantially finer than that 
of the base metal (compare with Fig. 
13A). PWHT at 1000°C results in essen- 
tially complete fragmentation of the eu- 
tectic, although the borides in the inter- 
dendritic regions are small and closely 
spaced. On the basis of these observa- 
tions, the 900 and 1000°C heat treat- 
ments were selected for evaluation by 
Charpy impact testing. 

Postweld Heat Treatment - -  Impact 

Behavior 

Charpy impact data for the base metal 
and heat treated welds are summarized 
in Table 4. As shown, the as-received 
base metal impact energies for the 
304B4A(H) alloy are on the order of 55 J 
(40.57 ft-lb) (L-T orientation) and are re- 
duced by roughly 12% following the 
1150 and 1200°C PWHT. The drop in 
base metal impact toughness does not 
reduce the alloy toughness below the 41 
J required by the ASTM A887 Specifica- 
tion for 304B4A and is associated with 
moderate coarsening of the borides and 
annealing of the austenite matrix (Ref. 7). 
In general, both the 1150 and 1200°C 
heat treatments are effective in restoring 
impact toughness in the welds (note that 
the lateral expansion behavior is similar), 
irrespective of the notch location. For 
these heat treatments the impact energies 
and lateral expansions substantially ex- 
ceed the 20 J and 0.38 mm Boiler and 
Pressure Vessel Code minimums. Com- 
parison of the fusion line to base metal 
values for the same heat treatments, not- 
ing that the base metal values are for the 
L-T orientation while those for the welds 
are effectively T-L, yields joint impact ef- 
ficiencies of 63-75% for the 1150°C 
PWHT and 69-83% for the 1200°C 
PWHT. Because the base metal values 
are for a less severe orientation, compar- 
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Table 4 - -  Impact Results for Postweld Heat-Treated B4A(H) Samples 

Weld (PWHT) 

Base Metal (As received) 
Base Metal (1150°0"4 h) 
Base Metal (1200°0"4 h) 

GTA (1150°0"4 h) 
GTA (1200°0"4 h) 

Autogenous EB (1200°0"4 h) 
Single Pass EB (1150°0"4 h) 
Single Pass EB (1200°0"4 h) 
Single Pass EB (1200°O'4 h) 
Double Pass EB (1150°0"4 h) 
Double Pass EB (1200°0"4 h) 
Double Pass EB (1200°0"4 h) 
Autogenous EB (900°0"24 h) 
Autogenous EB (1000°C/24 h) 

a Values shown are average of three tests. 

Notch Impact Energy (a) Lateral Expansion la) 
Location J (ft-lb) mm (in.) 

I 54.5 (40.2) 1.11 (0.044) 
- -  48.0 (35.4) 1.02 (0.040) 
- -  49.8 (36.7) 1.03 (0.041) 

fusion line 30.2 (22.3) 0.58 (0.023) 
fusion line 37.6 (27.7) 0.81 (0.032) 
fusion line 34.2 (25.2) 0.71 (0.028) 
fusion line 31.5 (23.2) 0.74 (0.027) 
fusion line 41.5 (30.6) 0.79 (0.031) 
centerline 70.1 (51.7) 1.40 (0.055) 
fusion line 36.2 (26.7) 0.71 (0.028) 
fusion line 37.2 (27.4) 0.79 (0.031) 
centerline 59.7 (44.0) 1.19 (0.047) 
fusion line 14.8 (10.9) 0.32 (0.013) 
fusion line 20.8 (15.3) 0.46 (0.018) 

ison of the weld samples with T-L base 
metal samples would probably result in 
higher joint efficiencies. Comparison of 
the centerline notched EB welds with 
fil ler yields joint efficiencies in the range 
120-140% and is the result of the low 
boron content in the weld metal of these 
welds. As a result of the lower boron con- 
tent of the GTA weld, it is also likely that 
centerline notched GTA welds would 
also display impact efficiencies near 
100% following PWHT. Figure 20 shows 
the fracture appearance for a fusion line 
notched GTA weld PWHT at 1200°C and 
can be compared with Fig. 10. As ex- 
pected from the impact energies, the 
fracture of PWHT samples is ductile and 
is similar in appearance to the as-re- 
ceived material (Ref. 7). 

Postweld heat treatment at 900°C 
(1652°F) for 24 h is not sufficient to re- 
cover impact energies acceptable for 
Boi le r  and  Pressure Vessel Code applica- 
tions. However, the 1000°C/24 h PWHT 
(1832°F/24 h) does provide sufficient en- 
ergy absorption and lateral expansion. It 
is important to note that one of the three 
tests conducted on samples heat treated 
at 1000°C failed to meet the required 20 
J energy (19.5 J), although the lateral ex- 
pansions for all three tests were above 
0.38 mm. In any case, the 1000°C/24 h 
PWHT appears to be near the minimum 
needed to recover properties acceptable 
for Code applications. These results are 
somewhat surprising because the metal- 
Iographic analysis (Fig. 19D) appears to 
indicate that fragmentation of the borides 
is essentially complete fol lowing heat 
treatment. Scanning electron microscope 
evaluations of the fracture surfaces (Fig. 
21) indicate that although the failure is 
generally ductile, the morphology of the 
microvoids is less well developed than 
that for the higher-temperature PWHT- -  
Fig. 20. Although the borides are frag- 
mented, they are spaced very closely in 

the interdendritic regions of the FZ and 
the inter austenite regions of the PMZ. 
The net result is that the effective density 
of the borides in these regions is very 
high and the local ductil ity low. Fracture 
appears to follow along these paths, but 
at higher absorbed energy than in the as- 
welded case (where the boride is contin- 
uous and interconnected). 

Implications 

The results of the welding study, 
though important in the sense that usable 
weld process/PWHT combinations have 
been identified, do not fully address all of 
the issues associated with weld process- 
ing of borated stainless steels. For exam- 
ple, the welding studies were performed 
on a 1.16 wt-% boron alloy, so it is not 
clear whether alloys of lower boron con- 
tent could be joined without PWHT. A vi- 
sual assessment of the quantity of eutec- 
tic in the EB welds with f i l ler metal 
indicates that the composition of the weld 
FZ in these welds is similar to that in 
304B2. For these welds the as-welded FZ 
impact energies are on the order of 60-70 
J. Therefore, it is probable that the as- 
welded impact energies for 304B2 (as 
well as lower boron alloys 304BA and 

304B1A) wil l be comparatively high. In 
turn, it is possible that the impact energies 
for 304B2 and lower boron alloys could 
be acceptable for many applications. 

The PWHT temperatures used in this 
study are comparatively severe and may 
be restrictive in terms of some compo- 
nent designs and fabricator capabilities. 
Clearly, the requirement for high-temper- 
ature PWHT must be considered early in 
the design process and may necessitate a 
modular approach to welded fabrication 
of borated stainless steel structures. In ad- 
dition, at these high PWHT temperatures 
borated stainless is l ikely to be in the 
creep regime, so that heat treatment fix- 
ture design is also of paramount impor- 
tance. No attempt was made to optimize 
the PWHT schedules, and it is conceiv- 
able that shorter heat treatment times 
could be used in practice. The results of 
the PWHT trials in the 900-1000°C tem- 
perature range are also encouraging. Al- 
though these temperatures are not as low 
as those typically used for structural weld 
stress relief, they are much more easily 
achieved in conventional furnaces than 
those in the 1150-1200°C range. On the 
basis of the Charpy results, it is possible 
to revise the spheroidization time esti- 
mates given in the microstructure section 

Fig. 20 - -  Fracture suttc~ce of tusion line notched GTA weld impa( t sample PWHT at 1200~C for 
4h .  
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Fig. 21 - -  Fracture surface of fusion line 
notched autogenous EB weld impact sample 
PWHT at 1000°C for 24 h. 

of this paper. For these estimates it is as- 
sumed that spheroidization must pro- 
ceed to at least the level observed for the 
1000°C/24 h PWHT (since the properties 
were sufficient for Code application). As 
in the earlier section, A' values can be in- 
ferred from the fits of Fig. 15 assuming Cr 
diffusion control. Using Equation 5 for 
the 1000°C/24 h heat treatment, Y0/m = 
0.477 I~m. Finally, assuming Y0/m is con- 
stant over the present temperature range, 
it is possible to estimate the time to reach 
properties similar to that for the 
1000°C/24 h PWHT. The results of these 
estimates are shown in Table 5. From 
these estimates it seems clear that PWHT 
times shorter than 4 h would probably be 
effective at the highest temperatures 
evaluated. Conversely, the estimates 
show that heat treatments below 900°C 
are not likely to be of much practical 
value. Given the uncertainties in the ki- 
netic model, however, it is clear that fur- 
ther investigation of PWHT in the 900- 
1000°C range is warranted. In this 
regard, it is also interesting to consider 
the implications of previous coarsening 
studies (Ref. 7) for weld PWHT. In that 
work, boride coarsening rates were seen 
to increase with increasing boron con- 
centration. Thus, it is also possible that 
lower PWHT temperatures may be suffi- 
cient for alloys with higher boron con- 
centrations. 

Weld tensile strength measurements 
were not conducted during the course of 
this work. However, based on the mi- 

Table 5 - -  Calculated PWHT Times to 
Achieve ~20 J Charpy Impact Energy in 
Autogenous EB Welds 

Temperature (°C) 

700 
800 
900 

1000 
1150 
1200 

Time (h) 

28500 
1740 
170 

24.0 
2.13 
1.05 

crostructures of Figs. 16-18, it is proba- 
ble that the joint strength efficiencies are 
quite high following high-temperature 
PWHT. It should be noted though that 
previous work (Ref. 7) has shown that the 
hardness of the base metal drops during 
exposure to heat treatments similar to 
those used for the PWHT (primarily be- 
cause of annealing of the austenite). 
Thus, although the joint strength effi- 
ciencies are likely to be high, the overall 
strength levels following PWHT are ex- 
pected to be lower than those in the as- 
received material. Unlike impact tough- 
ness, strength issues can generally be 
accounted for in design. Therefore, pro- 
vided sufficient impact toughness can be 
obtained by PWHT, options are available 
for application of this material irrespec- 
tive of the strength level. 

Finally, it is clear that fusion welding 
processes, including high-energy-density 
processes, will generally result in solidi- 
fication microstructures containing a eu- 
tectic constituent with poor properties 
(although techniques such as electro- 
magnetic stirring may prove useful in re- 
ducing the width of the PMZ region). As 
such, friction welding or other nonfusion 
processes may provide an attractive al- 
ternative for some weld geometries and 
component designs. 

Conclusions 

The principal results of this work can 
be summarized as follows. The fabrica- 
tion weldabil i ty of advanced borated 
stainless steels is not substantially differ- 
ent from that of more conventional 
austenitic stainless steels, and essentially 
defect-free welds can be produced by a 
variety of processes. For fusion welding 
processes, however, the impact tough- 
ness of as-welded alloys is very low. Fail- 
ure in as-welded alloys occurs along the 
partially molten region of the heat-af- 
fected zone. The impact failure of welds 
in borated stainless steels is not associ- 
ated with the solid-state region of weld 
heat-affected zones, and essentially no 
degradation in this region is to be ex- 
pected. High-energy-density processing 
results in microstructural refinement of 
the weld fusion and partially molten 
zones, but only marginal improvements 
in impact toughness. Therefore, process- 
ing adjustments for fusion welding 
processes are not likely to result in ac- 
ceptable as-welded properties. Evalua- 
tion of the effects of postweld heat treat- 
ing at temperatures near the solidus 
indicates that a significant fraction of the 
initial properties can be restored and eu- 
tectic boride constituents can be spher- 
oidized by these heat treatments. Lower 
temperature PWHT is effective in restor- 
ing impact toughness to near Code-ac- 

ceptable levels but require further opti- 
mization. A processing methodology for 
producing borated stainless steel weld- 
ments with acceptable properties, using 
either low- or high-energy-density weld- 
ing processes, has therefore been identi- 
fied. Further evaluation, to determine op- 
timal postweld heat treatment 
conditions, is warranted. 
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INDUSTRIAL SAFETY BULLETIN 

The Eyes Have It - -  So many jobs and situations in industry call for protection for the workers' 
eyes. Unfortunately there is worker resistance to wearing eye protection. It can be required, but this 
usage is difficult to monitor and enforce. Because of this, safety eyewear companies have developed 
a variety of styles, including brightly colored frames to enhance worker acceptance as stylish, and 
to make it easier to observe compliance ( or lack of it). With so many different kinds of safety glasses 
and goggles available, an employer can stock an assortment that meets the needs of acceptance and 
visibility. If you involve the people who have to wear them in the selection process, you have a bet- 
ter chance of promoting the use of safety glasses, but don't lose sight of the visibility factor. Make 
eye protection a part of the conditions of employment, then be sure that you supervisors can easily 
identify that all workers are complying with the rule. 

Industrial Safety Bul let in  is a service of Direct Safety Company, for further information contact 
Direct Safety, 7815 South 46th Street, Phoenix, AZ 85044. Phone: 800-528-7405.  FAX: 800-760- 
2975. Free catalog on request. 
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